Mechanics and micro-mechanisms of LCF and dwell fatigue in Ti-6Al-4V by Tympel, Peter
University of London
Imperial College of Science, Technology and Medicine
Department of Materials
Mechanics and micro-mechanisms of
LCF and dwell fatigue in Ti-6Al-4V
Peter O. Tympel
Submitted in part fulfilment of the requirements for the degree of Doctor
of Philosophy in Materials Engineering at Imperial College London,
February 2016

Abstract
All manufacturers of gas turbines, and indeed, of engineering systems, suffer from both
managed and unexpected cracking issues, where components are retired from service.
This PhD project was sponsored by a group in Rolls-Royce plc concerned with fractog-
raphy and failure investigation, with the purpose of asking whether dwell, high cycle and
low cycle fatigue, stress ratio or block loading can be distinguished from fracture sur-
faces. Therefore, the central theme of this thesis is the examination of fracture surfaces
of a Ti-6Al-4V alloy and relating them to the fatigue loading regimes. The as-received
material was unidirectional rolled and exhibited a nearly equiaxed microstructure with a
strong {112¯0}〈0001〉 texture. A series of LCF and dwell experiments were performed on
unnotched cylindrical samples to investigate initiation behaviour under both loading con-
ditions. The formation of fatigue striations was investigated with corner crack specimens.
The fatigue initiation behaviour was substantially different between continuously cy-
cled samples and specimens that experienced long dwell periods at high stress. Cracks
in continuously cycled samples typically initiated at the surface by facet formation when
cycled at 92% of the yield stress. At the same cyclic stress but with a 2 minute dwell pe-
riod, the cycles to failure reduce and multiple subsurface crack initiation occurred. Areas
with cleavage-like failure each with a single initiation facet would form across the gauge
length. The cleavage like areas were identified as regions where grains were preferentially
oriented with the c-axis along with the loading direction (macrozones). The crack prop-
agates faster through these grains, causing the crack to grow along the rolling direction.
The initiation facets were typically tilted about 32◦ towards the loading direction. The
facets tilted around the normal direction that suggested that initiation facets are formed
outside the macrozone. EBSD measurements of the initiating area confirmed that dwell
initation occurred at the edges of macrozones. In dwell initiation facets the basal slip
systems were most likely to be active under tension, while LCF initiation facets showed
highest shear stresses on 〈a〉 type pyramidal planes. The Schmid factors of dwell facets
were generally lower than those of neighbouring grains. This supports the load shedding
mechanism based on the Stroh model. Propagation facets under continuous cycling were
only seen around the initiation point, with increased tilt angles of about 38◦.
Cracks propagate in α titanium by the formation of fatigue striations. Above a prop-
agation rate of approximately 100 nm per cycle each striation was formed by a single load
cycle. Due to the fact that they form in stage II of crack propagation they are referred to
as Paris striations. The 1:1 ratio broke down when the crack propagated at lower rates
and then a striation was the result of up to several hundred load cycles. These were
i
ii
referred to as non-Paris striations. The dislocation analysis below the striations showed
slip bands on prismatic planes. Outside the Paris region slip bands were only seen along
one plane. The slip bands were tilted at nearly 30◦ towards the crack growth direction
and intersect with the surface. In Paris striations slip bands were seen along all prismatic
planes. The observed slip band spacing correlated with the striation separation. A model
for formation was proposed where striations form by extrusion of material onto the sur-
face due to localised glide along the slip bands. Slip activity can not be fully reversed
when the crack closes due to an instant oxide layer forming on new created surfaces. For
striations to form only one slip band needs to be active. Additional slip bands form in
the space between to allow for a homogeneous deformation.
The effect of load ratio R, frequency and waveform on the striation profile was ex-
amined using AFM. The ratio of striation height to separation (H
s
) was about 0.12 and
constant for any ∆K values. The shape of the striations was investigated by compar-
ing the slope and flank length on either side of the striations. On average the striations
showed a steeper rise and longer fall. A change in R ratio, frequency or waveform did
not influence the H
s
value but did influence the striation shape. The flank length was
thought to be proportional to the distance that dislocations glide per cycle. The relative
length of the striation during load removal increased with (i) higher R ratios or (ii) longer
time under stress by either a lower test frequency or a trapezoidal waveform. The ratio
of slopes associated with the striation rising and falling was influenced by the applied
waveform.
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1. Introduction
1.1 The jet engine
Every jet engine is based on Newton’s third law of motion, according to which each action
has an equal and opposite reaction [23]. In other words, when one object applies a force
on a second object, an equal but opposing force acts towards the first object. A jet engine
takes air in at the front, accelerates it and ejects it again. At first the air drawn in is
being compressed by a series of pressurising stages that are illustrated in Figure 1.1. The
air is then mixed with fuel, combusted which increases the thermal energy, followed by
ejection at high velocity [1]. The turbofan is the most common engine type in commercial
airplanes. In turbo fan engines the first stage of compression is achieved by the fan
blade. The air speed at the convex side of the blades is higher than at the concave side
creating a pressure difference. After this low pressure compression stage only a fraction
of the accelerated air is admitted to the core. The majority of the air is instead ejected,
accelerating the aircraft. The air passing though the core is the primary air stream,
whereas the air going through the fan is the secondary air stream [24]. About 80% of the
thrust is generated by the secondary air stream. Centrifugal forces acting on the engine
are highest during take-off, when this low pressure fan spins at more than 2000 rotations
per minute.
The advent of titanium alloys was essential for the development of high by-pass ratio
fan blades. The higher strength to density ratio of titanium compared to steel make them
superior under high centrifugal forces. To reduce the weight, the blade is a sandwich
of titanium sheets with a honeycomb structure inside [1]. Despite higher initial costs,
titanium established itself in the design of rotor discs, drums and blades because of
a significant weight reduction. With the development of higher temperature resistant
titanium alloys, discs and blades based on nickel nearer the rear are being replaced.
Fan blades are affected by low cycle fatigue (LCF) and high cycle fatigue (HCF)
[24]. HCF is a high frequency repetitive elastic straining at stresses below the yield point
of the material. HCF fatigue is caused, by e.g. bending of the fan blade. By optimised
designing and tuning of natural frequency, vibratory stresses that cause HCF can be
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Figure 1.1: Drawing of a three stage compressor exhibiting a low pressure (fan blade)
stage, intermediate pressure and high pressure stage. From Rolls-Royce [1].
reduced. Piezoelectric materials can be used to damp vibrations by detuning the natural
frequencies from the exited frequency. LCF fatigue is caused by cyclic straining at higher
stresses but lower frequency.
In the early 1970’s a new type of fracture mode caused by long hold times under
high stress was discovered. This fatigue type was termed ‘cold creep’ or ‘dwell fatigue’.
Dwell fatigue is since known to occur during climb of air planes when the engine runs at
maximum revolutions over the period of few minutes.
The detection of fatigue cracks during overhauls is essential to ensure safety of the
engine. Engine parts may be inspected with binoculars, magnetic or dye penetrant, de-
pending on the requirement for the component. For nonmagnetic materials dye penetrant
inspection is used while electro-magnetic inspection can be used for magnetizable mate-
rials. Crack detection in critical engine parts such as discs is of most importance as they
can propagate during flight and might lead to component failure. A component with a
critical sized crack is replaced and the jet engine can be used further. In the unfortunate
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event that a crack causes an in-flight failure, the examination of the fracture surface can
give insight into the crack propagation behaviour. Depending on the circumstances of the
failure the examination is more or less fruitful. The fracture surface might be distorted by
high temperatures during engine fires, loose fragments rubbing on the surface or chemi-
cal attack by corrosives. A failure investigation typically starts with a visual inspection
to identify the initiation area. The initiation is typically a semi-circular zone with fine
fibrous fracture surrounding the origin [25]. This region transitions into a rougher surface
without feathered structures. Often a region of ductile shear surrounds this zone, marking
the end of the fatigue crack. Of special interest are arrest marks on the surface that mark
any irregularity in the propagation. Events such as prolonged standstills or overhauls can
manifest themselves in a change of surface roughness or colour. These beach marks can
be related to events in engine or flight records. By this the rate of crack propagation
and time of initiation can be estimated. In steel, aluminium and titanium alloys individ-
ual load cycles can leave rippled features that are called striations. The examination of
striations can show crack propagation on a cycle to cycle basis.
1.2 Motivation
The use of optical microscopes is sufficient to detect arrest marks but finer features,
such as striations are only revealed by electron microscopy. Striations were first described
in steel and aluminium alloys in the early 1960’s. Formation models were described by
C. Laird, P. Neumann and B. Tomkins [26, 27, 13]. All models are based on a localised
slip deformation at the crack tip along glide bands. Upon crack tip opening, glide planes
on either side of the crack propagation plane are activated. The crack front blunts along
the slip planes and upon load removal the deformation is not reversed completely. The P.
Neumann model assumes that the glide only occurs on one plane. Due to work hardening
a glide plane on the opposite side is activated. Other researchers introduced the idea of
material rotation ahead of the rack tip. In a certain region of crack propagation rates one
single striation is formed by a single load cycle. The separation of striations equals the
crack propagation rate within that area. Striations can be therefore seen as a fingerprint
of the fatigue loading that caused the crack to propagate.
Up to this point the striation measurement has been only used to measure local
crack propagation rates. For a failure investigation it would be of tremendous use to
extract the frequency or the ratio of minimum and maximum load (R). Some effort
has been made to extract the load ratio R from ratio of striation height to separation by
making cross sections or probe microscopy. The results were contradictory and varied with
the measurement method. Furthermore, the measurements were only made for steels or
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aluminium alloys. It is therefore of strong interest to systematically investigate striation
profiles in titanium that were formed by different frequency, load ratio or waveform.
Under real service conditions a combination of high and low frequency loadings act
on jet engine parts. Each take off and landing might be seen as one LCF cycle, while
smaller amplitude vibrations might be considered as HCF loadings. Due to an overlay
of fatigue loadings it is therefore not sufficient to treat LCF, HCF or dwell separately.
These fracture modes have a vastly different initiation and propagation behaviour. Dwell
fatigue typically initiates due to a load shedding mechanism that is based on the Stroh
model [28]. Cyclic fatigue on the other hand is sensitive to surface perturbation which
could be caused by the impact of objects, corrosion or machining marks. This thesis
characterises the initiation behaviour under different loading conditions by examining the
spatial and crystallographic orientation. Striations were used as a record of the acting
loading conditions. The potential of striations to reconstruct the load ratio, frequency
or waveform was investigated. Moreover, crack growth retardation or acceleration by
variable loading amplitudes is examined by striation observations.
1.3 Thesis structure
After the introduction presented above a literature survey gives an overview on the present
knowledge on initiation and propagation during dwell and cyclic fatigue in titanium.
A description of the sample preparation, microscopy techniques and crack propagation
measurement is given in the experimental chapter. The results are presented and discussed
in three different chapters. In the end a summary and suggestions for future work are
given. The experimental work given in this thesis was published or presented previously.
• P.O. Tympel, T.C. Lindley, E.A. Saunders, M. Dixon, D. Dye. Influence of complex
LCF and dwell load regimes on fatigue of Ti-6Al-4V. Acta Materialia, 103:77-88,
2016.
• P.O. Tympel, T.C. Lindley, E.A. Saunders, M. Dixon, D. Dye. Macrozones and dwell
fatigue crack initiation in Ti-6Al-4V, presented at Ti2015 Science and Technology,
San Diego CA, USA, 2015
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2. Background & Literature Review
2.1 Titanium alloys
2.1.1 Crystallography of α and β titanium
Titanium exists in a low temperature hexagonal close-packed crystal structure (α phase)
and high temperature cubic structure (β phase). Both crystal structures are illustrated in
Figure 2.1. Upon heating above 882◦C, Ti transforms from the hexagonal into the cubic
structure and melts at 1678◦C [2]. The lattice parameters for the hexagonal structure
are a = 0.295 nm and c = 0.468 nm, resulting in a smaller than ideal c
a
ratio of 1.587.
For the cubic phase the lattice parameter, measured at 900◦C, is 0.332 nm. The amount
of alloying elements and the thermomechanical process route determines the morphology
and fraction of α and β phases in the microstructure.
Figure 2.1: Crystallographic structure of hexagonal α and cubic β phase of titanium.
After G. Lutjering [2].
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2.1.2 Classification of Ti alloys
Commercially pure titanium
All commercially pure titanium (CP) alloys are composed of the low temperature α phase
[2]. CP Ti can contain small quantities of alloy elements in the form of substitutional or
interstitial elements, which are used for strengthening. Its superior corrosion resistance
and weldability make these alloys suitable for petrochemical equipment or for heat ex-
changers. Mechanical properties are of less significance for the application of CP alloys.
Processing of CP alloys consists of deformation and subsequent recrystallisation in the α
field. Impurities of Fe can retain small amounts of β phase at room temperature, which
helps to control the grain size.
α + β alloys
The bi-phase α+ β alloys can be thermomechanically processed into fully lamellar, fully
equiaxed and bi-modal (duplex) microstructures. The different process routes as described
by G. Lutjering and J.C. Williams [2] are illustrated in Figure 2.2 and now briefly de-
scribed.
Fully lamellar microstructures are generated by deformation in the β or α+ β phase
field, followed by recrystallisation in the β phase field. During cooling from the recrystalli-
sation temperature, plates of α grains grow within the β grains. The α plate thickness,
β lamellae thickness and colony size are determined by the recrystallisation tempera-
ture and cooling rate. An increase in cooling rate reduces the layer thickness [29]. The
colony size is proportional to the prior β grain size and is typically about 0.5 mm. The α
plate thickness is in the range of 1− 6µm. With very high cooling rates (>1000◦C/min),
martensitic microstructures are obtained. By omitting the recrystallisation after defor-
mation, the α layers remain broken up, resulting in a zig-zag microstructure. This beta
processed microstructure exhibits a smaller α colony size.
The bi-modal microstructure is composed of small colonies of lamellar alpha and glob-
ular alpha grains. After homogenisation, the material is mechanically processed in the
two phase field, to introduce deformation for later recrystallisation. The deformation
temperature determines the α volume fraction, which influences the texture of the final
microstructure. During the subsequent recrystallisation in the α+β phase field, the beta
grains grow into the α plates and separate them into individual grains. The cooling rate
from the recrystallisation temperature determines the characteristics of the plates.
When the cooling rate from α + β recrystallisation is sufficiently low, no β lamellae
are formed. Instead, an equiaxed microstructure with globular α is formed. An alterna-
tive way to generate equiaxed microstructure is to conduct the recrystallisation at such
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a low temperature that the alpha grains grow and penetrate the β phase. The lower
temperatures result in smaller grain sizes than the previous method.
A transformation of a bimodal into an equiaxed microstructure can be achieved by
heating to a temperature where the α layers dissolve and then cooled slowly. The reverse
transformation is also possible by heating an equiaxed microstructure to a temperature of
the desired volume fraction, followed by rapid cooling to form lamellae. A mill annealed
microstructure can be achieved when the recrystallisation step is omitted. The achieved
microstructures are not well defined, varying between producers or even within a lot. Its
low production cost made it a popular process route for large forgings.
The superior strength to weight ratio, higher stiffness, better corrosion resistance and
Figure 2.2: Schematic representation of thermomechanical α + β process routes and
microstructures, as described in detail by G.Lutjering and J.C.Williams [2]. Starting
from a homogenisation above the β transition temperature, the material is then typically
deformed and recrystallised to achieve fully lamellar, bimodal or equiaxed microstructure.
The deformation and/or recrystallisation can be omitted to achieve a martensitic, β-
processed or mill annealed structure.
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fatigue strength of α+ β alloys has made them crucial alloys in structural aircraft parts.
Examples for structural components are bulk head or cockpit window frames. These alloys
are also found in rotating and non-rotating parts of aero-engines, but their use is limited
by the maximum operating temperature. Consequently, they are mainly used in cooler
parts such as fan stage, low pressure compression section or initial stages of high pressure
compressors.
β alloys
The main characteristic of β alloys is that alloy elements stabilize the high temperature
phase so that upon quenching a metastable β phase persists. These alloys offer a variety of
process routes namely: β annealed, β processed, through-transus processed and bi-modal
microstuctures. The heat treatment is the most important step for these alloys in order
to control the precipitation of α plates or α layers at the grain boundaries. For some
microstructures the recrystallisation is completely omitted. β alloys can be hardened to
a much higher yield strength than α+β alloys, while being able to deform at much lower
temperature. For this reason their use in applications such as landing gear is increasing.
Ti-Al intermetallics
The best understood titanium phase system is the Ti-Al alloys. This system forms several
intermetallic compounds such as Ti3Al (α2), γ-TiAl, TiAl2 and TiAl3 as seen in the phase
diagram shown in Figure 2.3. Among those, only the first two have enough ductility to
be used in engineering applications [3].
The first generation of Ti3Al alloys emerged in the 1990’s, containing 10-12 at% Nb to
improve room temperature ductility. To balance high and room temperature properties,
the Nb content was later increased to 13-20 at%. Further research has led to alloys
based on Ti2AlNb with high Nb contents. This system has replaced Ti3Al because of it’s
embrittlement at temperatures around 550◦C.
The α2 phase is expected to form in alloys with more than 10 at% titanium. Neverthe-
less, it can be formed in alloys with lower Al content by thermal ageing when β stabilising
elements are present. Ageing temperatures around 500 − 575◦C and hold times of 24 h
were sufficient to generate short range ordering (SRO) of Ti3Al phase [30]. During the
ordering, β stabilising elements diffuse from the α into the β phase, enriching Al in the α
phase locally [31]. Ordered structures can be observed before compositional changes are
observed [32]. Moreover the ordering can occur at short ageing exposures. An increase in
Al reduces the ageing temperature required and a higher dislocation density intensifies
the ordering [33].
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Figure 2.3: The Ti-Al phase diagram taken. From C. Leyens [3].
2.2 Texture formation
Texture formation in hexagonal materials depends on the c
a
ratio, which determines the
active slip system. Materials with an ideal ratio of 1.633 (Mg) develop a {0001}[11¯00]
texture [34]. In materials with a ratio higher than the ideal c
a
value (Zn), a combination
of basal slip and twinning results in a 20−30◦ tilt of the basal plane about the transverse
direction. In materials with a a
c
ratio less than ideal (Ti), the basal planes are rotated
30− 40◦ about the rolling direction.
Thermomechanical processing of titanium generates strong textures in the material.
Textures are distinguished by the orientation of the (0002) plane with respect to the pro-
cessing directions [3]. The (0002) plane is either found to be parallel or transverse to the
deformation plane. Textures perpendicular to the processing direction are referred as TD-
textures (transverse direction). Because rolling is the most common processing method,
textures parallel to the processing direction are called RD-textures (rolling direction).
Below a temperature of 900◦C the microstructure consist mainly of hexagonal phase and
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basal textures 1 are formed. When unidirectionally rolled, an additional transverse com-
ponent might develop. In a temperature range from 900− 930◦C some β phase is present
and almost no texture is formed after thermo-mechanical processing. With deformation
at temperatures slightly below the Tα→β transus, only the transverse texture remains.
When the process direction rotates around the sample, the texture is radial.
Thermomechanical processing can result in microsructural areas with similarly ori-
ented grains, termed macrozones. The similarly oriented areas are a consequence of large
initial colonies, orientation relationships during phase transformations that limit possible
variants and the preferential selection of orientations during phase transformation [35].
Primary alpha grains (αP ) can share similar orientation because they are formed from
a single large colony in which the lamellae deform in the same way. In the hexagonal
phase the number of possible deformation modes is limited, which reduces the number
of possible orientations. This limited number is not increased by subsequent heat treat-
ments. Furthermore, the secondary alpha grains (αS) often take on the orientations of
surrounding primary alpha grains, which is generally explained by preferential selection
[36].
Reasons for the bias was thought to be a consequence of dislocations on 〈110〉 planes
[37]. Other researchers suggested that variants are close to the orientation of neighbouring
prior beta grains to minimise grain boundary energy [38]. The preferential selection also
explains why macrozones are much larger than the prior beta grain size. Process temper-
ature closer to the phase transition have shown to result in better defined macrozones.
The phase transformation from β to αP phase is in accordance with the orientation
relationship [2]:
(110)β ‖ (0002)α
[11¯1]β ‖ [112¯0]α
(2.1)
This relation has also the consequence that textures already present in the billet
remain after cooling. The work of D.G. Leo Prakash has shown that the TD-texture in a
billet could have been formed by a few selected variants from the beta starting orientations
[38]. These variants have a small misorientation to each other of only 10◦. Macrozones
of RD-type are thought to form by variants with higher misorientation to each other,
making these textures weaker. The process temperature influences the variant selection
process, strengthening or weakening the resulting TD-texture. Grain coarsening during
heat treatment can strengthen texture by increasing the volume fraction of certain grains
by simultaneous elimination of other orientations [39].
Macrozones already present in the billet are difficult to break up by plastic deforma-
tion. Hexagonal grains with the c-axis parallel to the axis of compression are stable under
1Basal poles are parallel to normal direction
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plastic deformation [37]. The slip on basal or prism planes is not possible, leaving only slip
on pyramidal planes. When the grain c-axis is perfect aligned with the tensile axis, the
Schmid factor on all prism planes is 0.41. Dislocation glide is expected to be the same on
all pyramidal planes. When the c-axis is slightly tilted towards the principal stress axis,
the Schmid factor on one slip system is increased, favouring glide on this plane. However,
the slip rotates the grain, aligning the c-axis again with the principal stress direction.
Some success in breaking up macrozones by compressing a billet along its previous
elongated direction were reported by N. Gey et al. [40]. The compression required to break
them up increases with the size of the macrozone. It is thought that close die forging in
the α + β field is an efficient method because it introduces new rotations in αP and β.
2.3 Dislocation and slip deformation in α-titanium
The plastic deformation in metals is along crystallographic planes and require shear stress.
The amount of resolved shear stress (σs) depends on the angle of the plane towards the
axis of the principal stress (σn) and can be calculated according to Schmid [41]:
σs = σn ∗ cosφ cosλ (2.2)
The angles φ and λ are the angles between the deformation plane and slip direction to the
principal stress axis. The shear stress must exceed a critical value to activate deformation
modes such as slip or twinning.
2.3.1 Slip
In hexagonal materials the slip occurs on basal planes (0001), prismatic planes {101¯0},
first-order pyramidal planes {101¯1} and second-order pyramidal planes {112¯2}. Slip di-
rections are either the closed packed 〈112¯0〉 or 〈112¯3〉 as seen in Table 2.1. The slip along
〈a + c〉 directions is important in hexagonal materials as it enables a deformation along
the c-axis. A deformation along c-axis is necessary to comply with the Von Mises crite-
rion, which states that a polycrystal requires five independent slip systems to undergo
homogeneous deformation [42].
The most frequent observed slip is on the prism plane, followed by basal slip [43, 44].
Dislocation activity on the first order pyramidal plane is less frequent and slip activity
on the second order pyramidal plane is rarely observed. The Burgers vector is longer in
〈a + c〉 dislocations, increasing the Peierls stress needed for dislocation movement. The
Schmid factor has been found to be a good parameter to predict the likelihood of slip.
Prismatic slip was found to occur at Schmid factors as low as 0.1 [43]. For basal slip
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Table 2.1: Summary of the possible slip systems in titanium
System Sip plane Burgers Vector Burgers vector type
basal (0001) 〈112¯0〉 〈a〉
prismatic {101¯0} 〈112¯0〉 〈a〉
1st order pyramidal {101¯1} 〈112¯0〉 〈a〉
〈112¯3〉 〈a+ c〉
2nd order pyramidal (112¯2) 〈112¯3〉 〈a+ c〉
to occur the Schmid factor needs to be greater than 0.27. However, up to a factor of
0.37 most slip occurs on prismatic planes. The resolved shear stress for prismatic slip
was found to be σprism = 388 MPa and basal slip σbasal = 373 MPa. The lower resolved
shear stress coincides with the preferential basal slip. First order pyramidal slip system
is only active at high Schmid factors above 0.475 [44]. Slip was found to initiate at grain
boundaries and triple-points, indicating that they act as stress raisers.
In-situ TEM experiments have shown that edge dislocations move up to 100 times
faster than screw dislocations [45, 46]. Moreover, the movement of screw dislocations is
jerky with pauses in the range of 1
50
s to several seconds between each jump. Their dis-
location core is spread onto different planes, which on one hand enables cross slip, but
also creates a resistance to glide. It is generally believed, that the dislocation changes
from sessile into glissile configuration. An increased dislocation length is predicted to
reduce the pause between jumps. On average the jump length is 35 nm. The jump length
was found to reduce with increasing temperature, reaching a minimum at 350 K [6]. An
increase in thermal activation energy enhances the chance for the change into a glissile
modification. Several dislocation core structures were found, which exhibit different mo-
bility. It was suggested that the most stable configuration is not the easiest for dislocation
glide. In contrast to screw dislocations edge dislocations move continuously with speed
of 200 nm s−1 [46].
Dislocation slip of 〈a+c〉-type are rarely observed in titanium, which could be because
deformation along the c-axis can be accommodated by twinning [47]. Dislocations of 〈a+c〉
type are found at conjunctions of 〈a〉 and 〈c〉 dislocations. It is further suggested that
they are unstable in the edge orientation. Early studies showed that single dislocations
are preferred to be screw type [48]. A formation mechanism has been proposed by M.H.
Yoo et al. where 〈a〉-type dislocation on a basal plane cross slips on a prismatic plane
where it forms an attractive junction with a 〈c〉-type dislocation [49]. The dislocation
can slip on the pyramidal plane but is pinned at the intersection points. Recent in-situ
experiments have shown emission of 〈a+ c〉 dislocations, pinned by 〈c〉 segments causing
14 CHAPTER 2. BACKGROUND & LITERATURE REVIEW
a split into single arm segments [50]. The observation supports the source mechanism
based on formation of junctions.
2.3.2 Dislocation networks
Dislocations arranged in networks, as seen in Figure 2.4, were found in hexagonal metals
and can also exist in cubic metals [51, 52]. The networks consist of three different screw
dislocations, all exhibiting different Burgers vector, which are connected at one point
[53]. At this point the Burgers vector is conserved, meaning the vector going into the
junction equals the outgoing vector [54]. The branch like structure is also known as a
node, although in context of networks the term joint is more often used. In hexagonal
metals the dislocations can be pure 〈a〉 or dislocations of 〈a〉 with 〈a+ c〉 [55].
In titanium networks were found on prismatic, basal and pyramidal planes of type
{21¯1¯x} [52]. Other shapes networks such as square, tetragonal or rhombohedral were also
found [4, 56].
Different formation mechanisms were proposed, which could be separated into an-
nealing and dynamic formation. Mechanisms for dynamic formation were described as a
‘knitting’ process, which can operate at room temperature [5]. Mobile dislocations (pri-
mary) intersect with immobile forest dislocations (secondary), which are on a non parallel
plane as illustrated in Figure 2.5. The junction stops the primary dislocation from moving
on the primary glide plane. However, the junction is still able to move on the secondary
glide plane. The line tension causes the angles to adapt an equilibrium of 120◦. Stress
Figure 2.4: Hexgonal network found in an α-Ti single crystal. From L. Zhang [4].
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Figure 2.5: Systematic sketch of low temperature knitting process to form dislocation
networks as described by H.M. Miekk-oja [5]. A mobile dislocation intersects with an
immobile forest dislocation, causing them to stop (a). The line tension causes the angles
at the intersections to align at equilibrium of 120◦ (b). Mechanical stresses cause the joint
to move from the intersection line, enabling the formation of further joints (c).
on the glide plane moves the structure away from the intersection line, allowing the cre-
ation of further joints. G. Kang et al. [57] reported the formation of dislocation networks
during cyclic fatigue in Ti-6Al-4V. After as little as 50 cycles, networks develop during
ratcheting deformation in stage II fatigue. The dynamic formation mechanism allows for
networks to form at room temperature.
The second described mechanism is based on the formation of connecting segments
between two dislocations. S.P. Agrawal et al. [52] proposed a mechanism where networks
on basal planes form by reactions of dislocations gliding on different prismatic planes.
Mobile dislocation [112¯0](11¯00) intersect with a forest dislocation [12¯10](101¯0), creating
a connecting segment with a Burgers vector that is the sum of the parent dislocations as
illustrated in Figure 2.6. The formed joint is able to cross slip away from the intersection
Figure 2.6: Illustration of network formation by the formation of a connecting segment
during heat treatments. Two dislocations with different Burgers vector intersect (a) or
are in close proximity. A connecting segment dislocation, with a Burgers vector that is
the sum of the parent dislocations is developing (b). The new dislocation increases in
length, reducing the stored energy (c).
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line, allowing creation of more joints. Joint formation requires a high dislocation density
and thermal activation. Hence, networks would form during recrystallisation or anneal-
ing. Slowly drawn single crystals of Al-Mg alloy were completely free of any dislocation
networks, supporting this concept [51].
Dislocation networks are also described as twist boundaries, which accommodate small
misorientations between two grains. Diffusion bonding of two hexagonal α−Al2O3 crys-
tals, which were slight misoriented along the c-axis, lead to the formation of screw dislo-
cation networks between them [58].
Under tensile loading, some dislocation networks have shown to resist dislocation
movement though them, while other seem to pass through them [59]. However, it is not
clear if a dislocation actually pass though the network, or if the dislocation is stopped and
a second one is emitted from the boundary. For a penetration to occur, the slip planes
on either side are thought to be parallel to each other.
2.3.3 Super dislocations in Ti3Al
Dislocations in the Ti3Al superlattice were observed to be partial dislocations, separated
by an anti phase boundary (APB). The dissociation of an 〈a〉 superdislocation occurs
according to the reaction 1/3〈112¯0〉 = 1/6〈112¯0〉 + APB + 1/6〈112¯0〉 [6]. The dissociation
can either result in a wide (mode I) or narrow separation (mode II) as seen in Figure 2.7.
A dislocation pair can vary in dissociation mode along its length and also change with
Figure 2.7: Slip band in Ti3Al showing the wide dissociation mode bounded by a straight
screw dislocation (mode I) and the narrow, curved dissociation (mode II). From M. Legros
[6].
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time.
Extensive studies have been carried out by L.E. Karkina et al. on the nature of
the dissociation of 〈a〉 and 〈a + 2c〉 dislocations [60]. The 〈a + 2c〉 superdislocation was
found to form a dislocation barrier at high temperatures, which was thought to be a
consequence of incomplete cross slip. In experiments, slip reactions between dislocations
on {112¯1} and {01¯10} in Ti3Al were found to nucleate cracks [61]. A variety of further
interactions of superdislocations were modelled by L.E. Karkina and co-workers with the
predictions of the fracture planes [62]. For example, fatigue initiation on (0001) plane
was expected when 〈a + 2c〉 on pyramidal planes interacted with 〈a〉 on a basal plane.
The same fracture was also expected when an 〈a〉 superdislocation on a prismatic plane
interacts with a 〈a+ 2c〉 superdislocation on a pyramidal plane. Screw superdislocations
were also observed to exhibit jerky movement with small jump times ( as low as 1
50
s) [6].
The screw dislocation core in mode II is believed to be more planar, suppressing jerky
movement.
An interesting observation is the asymmetry of dislocation glide between tension and
compression. Ti3Al strained along the c-axis shows glide on the first order pyramidal
planes, while under compression, glide occurs on the second order pyramidal plane. Sim-
ulations of the screw core structure have confirmed such glide behaviour [63].
2.4 Fatigue in titanium
Crack growth during fatigue has been found to depend on the range of stress intensity
factor ∆K and can be expressed as [7]:
∆K = Y∆σ
√
pia (2.3)
with Y being a geometry factor, ∆σ the peak to peak amplitude and a the crack
length. A schematic for crack propagation rate per cycle ( da
dN
) as a function of ∆K is
shown in Figure 2.8. The crack growth behaviour can be typically categorised in three
stages. In stage I, above a threshold ∆Kth the crack starts to propagate and accelerates
significantly with increasing stress intensity factor. In the following stage II the crack
growth rate increases linearly with log(∆K). In the final stage III the crack acceleration
increases again and above a critical stress intensity factor ∆Kc the sample fails. The crack
propagation rate in stage II can therefore be easily described by a Paris law:
da
dN
= C(∆K)m (2.4)
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Figure 2.8: Schematic of a crack propagation rate ( da
dN
) vs. the stress intensity factor
∆K. An increase in crack length leads to a higher driving force for propagation ∆K,
accelerating the crack. After a rapid increase in propagation rate in stage I, the growth
rate is proportional to log(∆K) in stage II (Paris region). Above a critical stress intensity,
the propagation rate accelerates again in stage III until sample failure. After F.H. William
[7].
2.4.1 Dwell loading
At temperatures above 1/3 of the melting point, metals can often deform by creep when
a constant load is applied on them. However, titanium alloys are known to creep at room
temperature [64]. This ‘cold creep’ or ‘dwell’ deformation mode was discovered to cause
premature failure of fan disc blades in 1972/73. Consequently, extensive research has gone
into characterising the influence of microstructure, composition and the relation between
texture and crack initiation or propagation.
Crack initiation
The fracture initiation under dwell was frequently found to be by the formation of sub-
surface facets [65]. The facet tilt towards the loading direction (LD) was seen to depend
on the applied stress. When the hold stress was above the yield stress, facets are in-
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Figure 2.9: Illustration of the Stroh model showing the interaction of grains that are
well (soft grain) and badly (hard grain) oriented for slip. Dislocations moving in the soft
grain pile up at the grain boundary, inducing shear on the basal plane. The combination
of high tensile and shear stress cause crack initiation along the basal plane. From A.L.
Pilchak [8].
clined towards the loading direction; below the yield stress they were perpendicular to
the stress axis [65]. A.L. Pilchak and J.C. Williams pointed out that dwell facets can be
distinguished into crack initiation and propagation facets [66]. Initiation facets showed a
high tilt of 41◦, while during propagation they were with 3− 8◦ nearly perpendicular to
the loading direction. Facets observed by A.L. Pilchak generally formed near the (0001)
plane. The highly tilted initiation facet formed on the (0001) plane, while propagation
facets were tilted approximately 15◦ towards that plane. In earlier studies by V. Sinha et
al., all reported facets had small tilts towards the loading direction and misorientation of
the fracture plane to the basal plane [67]. D.L. Davidson and D. Eylon report an average
of 10.8◦ with maximum of up to 16◦ misorientation [68]. It was shown by F. Bridier et al.
that initiation facets are formed in grains which have some resolved shear stress on the
basal plane and have a reasonably high Young’s modulus along the tensile axis. Conse-
quently, facets are generally not formed exactly on the basal plane but show a mixture
of high strength and resolved shear stress [69].
The widely accepted dwell initiation mechanism is based on the Stroh model [28] and
illustrated in Figure 2.9. Numerous descriptions of dwell initiation by dislocation induced
shear stress can be found in the literature [64, 70, 65, 71, 8, 72]. A grain unsuitably
oriented for slip (primary grain) is adjacent to a grain that is suitably oriented for slip
(secondary grain). Because of the easy slip the secondary grain is also referred to as ‘soft
grain’, while the primary grain is a ‘hard grain’. In the hard grain the resolved shear
stress on slip planes is not sufficient to overcome the Peierls stress. Dislocation slip is
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easily activated in the soft grain, leading to dislocation pile up at the hard/soft grain
boundary. With the high normal stress and additional shear stress from the pile up, a
crack nucleates in the hard grain.
Unfortunately, the Stroh model has not been fully proven experimentally. To the
author’s knowledge the predicted dislocation pile up has not been shown by TEM anal-
ysis. However, there is sufficient evidence that shows boundaries of grains favourably
and unfavourably oriented for slip cause strain localisation [73]. The strain localisation
establishes a distinct pattern within a few cycles and intensifies with further cycling.
Strain ‘hot spots’ 2 would eventually cause crack nucleation. Compared to cyclic fatigue
loading, the hot spots were more intense under dwell. This agrees with the observation
of P. Lefranc et al., who found an higher cavity density under dwell; the cavities formed
at α/β interfaces along slip planes [74]. Creep is thought to have a significant role in
dwell fatigue [75, 70, 65]. Nevertheless, dwell is not simply interrupted periods of creep.
The compression creep experiments by M.F. Savage showed in α titanium that during
prolonged periods of unloading a recovery of creep occurred [76]. The recovery occurs
at room temperature and causes the an increase in creep rate up to 2 orders of magni-
tude. The micro-mechanics during recovery are not clear to this point but a back flow
of dislocations was not observed. It is was suggested by Savage that local stresses e.g. at
grain boundaries are relieved, and new dislocation sources can occur. This could explain
increased straining and higher intensity of strain hotspots under dwell fatigue. However,
it should be pointed out that the recovery times of 24h were significantly longer than
unload periods for classic 2 minute dwell experiments. To the authors knowledge, data
on the effect of shorter unload periods is not available.
Crack propagation
The mechanism of crack propagation under dwell is somewhat controversial which could
be due to the strong influence of microstructure or applied stress. In some observations,
the crack propagation rate and fracture mode are similar to continuously cycled samples.
Nevertheless, the majority of research has shown an acceleration of crack growth and
increase in facetting.
W. Shen et al. found that in a low ∆K range, dwell fatigue gives faster propaga-
tion, while at higher ∆K values the propagation rates merge [77]. This was confirmed
in experiments conducted by F. McBagoniuri et al. [71]. Consequently, dwell is mainly
affecting short cracks. Titanium alloys respond differently to dwell loading depending
on their microstructure. Equiaxed microstructures show the lowest resistance to dwell
2Here ‘hots spots’ are regions at a sub grain level with high localised strain. The strain concentration
can be shown with digital image correlation based strain mapping.
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Figure 2.10: SEM micrograph of a dwell propagation facet showing arrest marks with
separation of more than 20µm (a). The crack propagation data (b) shows that cracks
propagate a order of magnitude faster when facets are formed instead of striations. From
A.L. Pilchak [9].
crack propagation, while the lamellae structure offered the most resistance to dwell crack
growth. Experiments using acoustic emission suggested that the crack branches in lamel-
lar microstructure [71]. W. Shen and co-workers further noted that growth rates in the
bi-modal structure was comparable to the equiaxed structure [77]. Compared to cyclic
loading, cracks propagate at a similar rate in a range of 19−25 MPa√m. At higher stress
intensity factors near to crack growth instability, cracks propagate slower under dwell
in bimodal and equiaxed microstructure. The observed fracture modes under dwell and
fatigue are similar. Dwell striations can be seen in both equiaxed and lamellar microstruc-
ture.
As can be observed in the data presented in Figure 2.10, crack propagation by facetting
under dwell was seen to be up to 100 times faster than crack propagation by striation
formation in cyclic fatigue [9]. Moreover, at short crack lengths the propagation rate
seemed independent of ∆K. A.L. Pilchak has observed dwell facets that progress at least
20µm per cycle. This is an extremely high propagation rate that could be a consequence
of the large grain size of 75µm and short range ordering (Ti3Al). Both factors allow for
long slip lengths, increasing the chance for crack opening along crystallographic planes.
In microstructurally similar material M.C. Brandes et al. found similar high propagation
rates of 10− 20µm per cycle. In previous work A.L. Pilchak and J.C. Williams reported
more moderate growth rates of 2µm per cycle [8]. Other researchers also measured a
smaller discrepancy of 2-3 times at any given ∆K [78]. Because faceted growth along
crystallographic planes is faster, highly directional crack growth could occur in textured
titanium [66, 8].
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Dwell susceptibility
Several factors were found to influence the dwell sensitivity of titanium alloys. The dam-
aging effect of dwells increased with increasing fraction of α-Ti, the primary α fraction
and the hold stress [79]. When the applied stress is above the yield point, the cycles to
failure are reduced significantly. When tested at 92% of the yield stress, Ti-6242 showed a
reduction factor of 2, while at 105% of the yield stress the factor was 30 [80]. An increase
in dwell debit coincides with an increase in strain accumulation [65]. Moreover, the frac-
ture behaviour of grains changes above the yield stress. Facets were seen tilted towards
the loading direction at stresses below yield, but above yield form near perpendicular to
the loading direction. Other researchers have seen dwell fractures appear similar to cyclic
fatigue at low stress [81]. At higher stress the fracture surface indicated ductile failure
with ratcheting and creep.
Research on the length of dwell holds are contradicting. Some reports show a general
reduction in cycles to failure with increasing hold times. M.R. Bache et al. experimented
with dwell periods up to 300 s and found a reduction in life [82]. This coincides with an
increased strain accumulation. Other researchers observed a saturation of the dwell effect
after 40 s [80].
Extensive research has gone into the effect of hydrogen on dwell fatigue. Experiments
on the effect of different concentration have lead to opposing results. This variation is
most likely because of different applied relative stresses (σmax/σyield), compared to the yield
strength. Hydrogen was often seen to increase the yield strength and ultimate failure
strength at the expense of reduced ductility [83]. This is due to interactions of hydrogen
atoms with dislocations, which can occur even at low concentrations. Gerland et al.
observed hardening of lamellar Ti-6242 with increasing hydrogen content when fatigued
at the yield stress [80]. A harder material would effectively reduce the ratio of σmax/σyield.
In the case of H hardening the dwell fatigue life improves. When the applied stress was
below the yield strength, H softened the material, increasing the accumulated strain.
Predicting the influence of H becomes even more difficult considering it’s high mobility.
Hydrogen might be drawn towards stress raisers, such as crack tips, increasing the local H
concentration [65]. Following this argument, even in low hydrogen alloys the concentration
of H could be large at a crack tip.
Apart from reduction in life, H was seen to influence the fracture behaviour. Above a
concentration of 60 ppm the fracture mode in titanium was seen to change [83]. Instead
of forming a single facet perpendicular to the loading direction, cracks nucleated at α/β
interfaces, especially prior β grain boundaries. Nevertheless, a dwell effect at hydrogen
concentrations below 10 ppm remained, indicating that hydrogen is not the cause of dwell
effects. A comparison of fatigue response in IMI 685 with 10 ppm and 50 ppm have even
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Figure 2.11: Histogram of the spatial orientation of initiation facets towards the loading
direction (a) and inverse pole figure of crystallographic orientation of initiation facets (b).
Most facets exhibit a misorientation in the range of 12 − 37◦, where < a > basal slip is
favoured. From I. Bantounas [10].
shown that the dwell and cyclic response improved with a higher hydrogen concentration
[84]. This could be attributed to an increased yield stress by hydrogen. Additionally, crack
arrest marks visible at low concentrations disappeared at 50 ppm.
2.4.2 Cyclic fatigue loading
Crack initiation
Cracks nucleate under continuous cyclic loading by the formation of initiation facets.
Figure 2.11 shows that in near-equiaxed Ti-6Al-4V under HCF loadings the facets were
tilted mostly within 15− 40◦ [10] and seen to be inclined up to 45◦ towards the loading
direction [85]. Under this condition, the facet had high resolved shear stress. The initiation
facets also formed near the (0001) plane, similar to dwell fatigue facets. In general, the
facets were formed 0 − 16◦ tilted towards the basal plane, with an average of 7◦. In
contrast to dwell fatigue, the majority of continuous cyclic initiation facets formed near
the initiation site [68]. Electropolishing of the sample surface favours subsurface initiation,
while machine finishing caused a bias towards surface initiation [86]. Moreover, a higher
mean stress increases the likeliness of subsurface initiation. Electropolishing was also
observed to increase the cycles to failure.
Initiation is promoted by a larger grain size, which increases the available slip length.
In a bimodal microstructure the crack is therefore more likely to initiate within a lamella
colony rather than in primary α grains [87]. The fatigue origin was seen to be very sensitive
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to microstructural inhomogeneities. Heterogeneities localise the deformation and prevent
a homogeneous distribution of the fatigue damage. Examples can be local recrystallisation
at collapsed pores, grain size heterogeneities at friction stir welds [85] or irregular sized
grains [88].
Environmental effects on fatigue crack initiation have been observed, but the mech-
anism is not fully understood. Initiation of LCF cracks has been seen to delay under
vacuum and initiation at the surface was suppressed [89]. Moreover, the fracture mode
was seen to be altered from an α/β interface failure, to a transgranular failure of α
plates when cycled under vacuum. Similar to dwell fatigue initiation, it is suggested that
initiation is assisted by hydrogen, hence fatigue performance improves under vacuum.
Crack propagation
After initiation, the plastic zone size is still below the grain diameter and cracks propagate
along crystallographic planes by facet formation. Near the initiation site, propagation
facets can show tilts up to 90◦ towards the loading direction [10] Grains that are oriented
for prismatic 〈a〉 glide do not form facets. Grains that are oriented for easy (0001)〈112¯0〉
slip were likely to form facets [90]. Textured regions where the grains are oriented with
the c-axis parallel to the loading direction showed faceted growth with little resistance to
crack propagation. When the grains were oriented with the c-axis perpendicular to the
loading direction, they formed a barrier for faceted growth, causing an irregular fracture
surface.
The stress ratio was seen to influence the crack propagation rate. Above ∆K value of
10 MPa
√
m the role of crack closure seems to diminish, resulting in higher crack propa-
gation rates with higher R ratios [11]. A recent study has shown that the failure mode
changes with increasing R ratio. A higher R ratio promotes surface initiation with facet
formation at the expense of non-faceted surface initiation [91]. The amount of subsurface
initiation varied, depending on the R ratio. An increase in load frequency improved the
fatigue strength [92]. This was attributed to a reduced dislocation activity. Testing at
high frequency also increases the strain to failure.
R.K. Nalla et al. found different fatigue performance of lamellar and bi-modal mi-
crostructures [93]. In the high cycle fatigue region of 105 − 108 cycles to failure and
R={0.1, 0.5}, the lamellar microstructure has higher fatigue strength. In the low cycle
fatigue region, the lamellar structure has slightly better fatigue properties. This might be
due to higher tensile strength or a reduced likelihood of unfavourable grain orientation.
For a crack to propagate a new surface needs to be created. As pointed out earlier, most
cracks initiate at the surface and grow into the material under cyclic loading conditions.
It is therefore not surprising that the environment has a significant influence on the
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propagation rate and fracture appearance. Crack propagation in an inert atmosphere
reduces the crack propagation rate. In dry helium the crack was observed to slow down
by a factor of 5 compared to propagating in air [94].
2.4.3 Fatigue striation
In ductile materials such as steels, aluminium and also titanium, fatigue cycles can form
periodic ripples on the fracture surface, which are known as striations. Within a cer-
tain ∆K range, one load cycle results in the formation of one striation. The striation
separations depend on the loading conditions as seen in Figure 2.12. The striations are
therefore fingerprints of fatigue loads and can be used as a tool for failure investigation.
The number of cycles a crack grows until failure can be estimated by counting stria-
tions [95]. The formation of fatigue striations is readily observed in titanium alloys when
the stress intensity factor is sufficiently high (>10 MPa
√
m) [11]. Striations formed at
stress intensity factor above 40 MPa
√
m underestimate the growth rate [96]. The width
of striations is in the range of 0.1 − 2.5µm and requires the use of a scanning electron
microscope (SEM). Striations can be classified into ductile and brittle according to their
appearance. Ductile striations can appear convex on both sides of the fracture surface
or form concave-convex mating surface. Brittle striations are generally flatter and propa-
gate along crystallographic planes. Striations can show lateral cracking at pits. The crack
tip opening is far smaller in brittle striation propagation, making crack detection more
difficult.
Formation
Over the past years several models for the mechanism of striation formation were pro-
posed. The first mechanism was proposed by C. Laird and can be seen in Figure 2.13. A
crack propagates incrementally due to crack tip blunting [26, 12, 14]. Upon tensile loading
two slip systems at the crack tip are activated. Along the slip planes the crack bulges
out, causing an extension of the crack in the order of crack tip opening displacement.
Upon unloading, the extension does not fully negate, leaving a single striation behind.
A variation of the Laird model was described by A.J. Krasowsky and V.A. Stepanenko
[97]. A striation is formed in two stages within one loading cycle. In the tension half-cycle
the crack is opened up and gets sharpened in the unloading or compression phase. The
fracture in the tension cycle is by transverse shearing which results in a hill-depression
matching of fracture surfaces. The striations of opposing fracture surfaces are partially
in contact. The emphasis of this model is the inequality of both fracture surfaces, which
was seen in stereographic observations of striation profiles.
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Figure 2.12: Images of striated grains found in Ti-6Al-4V at various crack lengths and
different R ratios of R=-1, R=0.1, R=0.5. From M.J. Caton [11].
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Figure 2.13: Laird model of striation formation. The idle crack (a) opens under tension
which activates two slip planes at the crack tip (b) and the crack bulges out (c). Upon
force removal the blunting does not fully reverse (d) causing the crack to propagate one
increment (e). This process repeats with further cycling (f). From P.P. Milella [12].
The work of B. Tomkins and W.D. Biggs [13] has shown flow bands ahead of the
crack tip. Two flow bands inclined ±45◦ to the crack root showed localised plastic shear.
The bands exhibited higher hardness as a consequence of work hardening, while the
surrounding material remained unchanged. As illustrated in Figure 2.14, the crack tip
(a) is blunted by tensile load and cavities are formed by shear along the flow bands
(b,c). The amount of flow is limited by strain hardening. Additional flow bands might
be activated before the maximum strain is achieved (d,e). By load removal, the crack is
being closed again and ripples of the flow bands prevail on the surface. In the case that
only one flow band is active, a single ripple is produced (g).
The Neumann model, illustrated in Figure 2.15, proposed explicit slip systems. In the
analysed cubic system the active slip planes were thought to be two {111} planes. The
crack front is then parallel to the intersecting line which is a 〈011〉 direction. A variation
from that direction could occur by multi-slip. However, only one of the slip systems is
active at any given time [27]. When stress is applied, dislocation glide on one side occurs.
This system gradually work hardens until slip on the other side becomes more favourable.
The alternating slip behaviour is irreversible, causing the crack to propagate along the
line of intersection of the two slip planes. TEM work of C.Q. Bowles and D. Broek [98]
revealed slip bands under striations. The preferential crack propagation planes were found
to be {110} and in some grains {100}. The direction of propagation depends on the grain
orientation.
Since the 70′s there was little advance on the research of striation formation mech-
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Figure 2.14: Mechanism proposed by B. Tomkins and W.D. Biggs for striation formation
based on flow band observations. At the crack root, shear bands are visible that form
during tensile loading. After unloading the ripples remain as striations on the surface.
From B. Tomkins [13].
Figure 2.15: Striation formation model according to Neumann. Dislocation glide on one
side of the crack is activated (a) and work hardens until a glide plane on the opposite
site activates (b). Crack closure does not remove the damage completely (c) causing the
formation of one striation. The alternating activation of slip systems continues with each
fatigue cycle (d-i). From S. Suresh [14].
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Figure 2.16: Striation formation within the Paris regime according to A.A. Shanyavskiy.
A side crack is formed during the tensile loading phase which joins up with the main crack
during load removal. From A.A. Shanyavskiy [15].
anisms up until 2013 when A.A. Shanyavskiy and L.M. Burchenkova proposed a new
formation mechanism [15]. During load increase the crack is opened up once the tensile
stress is larger than the residual compressive stress ahead of the tip. With further load
increase the crack opens elastically, followed by plastic flow ahead of the crack tip with
emission of acoustic signals. At peak load a side crack at the front occurs. When the load
is removed, material at the side crack is rotated, linking up the side with the main crack.
This proposed model is mainly based on fractographic observations of striations formed
under variable load. The required amount of material rotation at the crack tip could be
shown with EBSD measurements of a cross section.
All these mechanisms fail to address the environmental influence on striation forma-
tion. In ultra-high vacuum striations were seen to completely disappear in aluminium
[99]. Under vacuum the crack tip is more blunted in aluminium and steel. The opening
angle at the crack tip is larger but the amount of crack tip opening remains unchanged.
The environment and formed oxide layer greatly affects the opening behaviour. It was
argued that a larger blunted tip distributes the deformation more around the crack root.
Striation profile measurement
The striation width can be measured easily with optical microscopy if the separation
is above the wavelength of light. For smaller striations with a separation (< 500 nm)
electron microscopy is a suitable characterisation tool. However, the characterisation of
the striation profile, in particular the striation height, is rather difficult. In the literature
several methods have been applied to investigate the height to separation ratio.
One of the first attempts of striation measurement was done by A.J. Krasowsky
and V.A. Stepanenko using stereo microscopy in high purity nickel [97]. Some data on
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height and width of striations were given but their work focused on the hill to depression
matching of opposing fracture surfaces. They concluded that the fracture surfaces were in
general not identical and that often hill to depression matching was observed. Moreover,
the opposing surfaces were thought to be in contact with each other at the narrow sides
of striations.
The most practical challenging method is the sectioning of the sample by cutting [16]
or polishing [100]. The sectioning was usually not perpendicular to the fracture plane
but tilted in order to artificially increase the height of the striation. The disadvantage is
that the surface could be easily damaged and that parts of the sample get lost during
the preparation. It is likely that fine striations are deformed massively by the sectioning,
limiting the sectioning to coarser striations. A contactless, non damaging method is by
scanning laser microscopy [101]. This method does not require laborious sample prepara-
tion and can be used on non-conducting materials. The resolution of the striation width
is limited by wavelength of the laser, making this method only suitable for coarser stri-
ations. High resolution measurement of separation and height can be done with atomic
force microscopy [102]. The measurement is tactile, which makes this method unsuitable
Figure 2.17: Ratio of striation height to width, versus the stress ratio for aluminium and
steel alloys. The striation profile is independent of material but reduces with reducing
stress ratio. From K. Furukawa [16].
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for rough surfaces. Other tactile measurements such as scanning tunnel microscopy have
been carried out by Y. Uchida et al. [103].
The ratio of striation height (H) to separation (s) dependency on the stress ratio has
been investigated in aluminium alloys, stainless steel and high Mn steel alloy with some
contrary results [16, 102, 100]. K. Furukawa et al. and Y. Murakami et al. found that
the ratio was independent of the material or stress but varied with the stress ratio R, as
illustrated in Figure 2.17. The ratio H
s
was found to reduce with increasing stress ratio
and varied in the range of 0.14 − 0.29. The H
s
ratios measured by Choi et al. were in a
different range and showed a different relation to the R ratio. Reason for the discrepancy
could have been that Choi et al. have investigated finer striations with separation as little
as 40 nm using AFM. The H
s
was found to be independent of ∆K [102, 100, 103]. For
the aluminium alloy 2017-T351 a relationship between striation width s and height H of
H = 0.0585 ∗ √s has been proposed [102].
2.5 Crack propagation measurement
The crack growth can be measured directly by imaging the crack or indirectly by mea-
suring properties of the material that change when the crack grows [17]. An overview of
methods for crack propagation are given in Figure 2.18. Direct measurement of the crack
length can be done during the experiment with the aid of a travelling microscope. This
method is limited by surface visibility, which might be improved by surface polishing or
by applying a grid on the surface. The limited optical resolution could be overcome by
performing the test within a SEM. Gauge wires or a film can be attached on the surface
which break during propagation.
Figure 2.18: Overview of techniques for crack propagation measurement. From J.K.
Donald [17].
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For large samples the crack front might not be planar anymore, creating a mismatch
of surface and subsurface cracklength. For more accurate crack length measurement, the
crack can be examined after sample failure. Artificial marks on the surface are created
during the test, which mark the crack length at a given time. Marks can be introduced
by altering the crack growth e.g. by introducing overloads or changing the load ratio
R. Growth marks may also be introduced by heat tinting or creating ink stains on the
surface. Both methods change the surface colour of the surface colour of the new created
surface.
Under the assumption that one striation corresponds to one fatigue cycle, striations
can be used as gauges to measure crack propagation locally. The growth rate can be
measured indirectly by measuring the electrical resistance or the mechanical compliance,
which are compared to a calibration sample. The most widespread method is by running a
constant current through the sample and measure the potential across the crack. Currents
can be either direct current (DC) or alternating current (AC). For DC large currents of
30 A or more are passed through the sample and only small potentials of few µV are
measured. A pulsed DC variant can be used when the heat up of the sample needs to
be avoided. This can be the case when non-conductive materials with a thin metal foil
attached to the side are examined. In the case of AC method, currents are generated
by induction below the sample surface, increasing the resistance of the material. With a
larger initial resistance the applied currents are generally smaller when using alternating
current.
Crack lengths can also be measured by recording the mechanical compliance near the
crack tip. A growing crack reduces the stiffness of the sample, increasing the compliance.
The increased compliance can be measured by observing the crack opening displacement
(COD) away from the crack front or by measuring the strain at the back face of the sample
(BFS). Other direct techniques involving acoustic emission or ultrasound are emerging
but are not used routinely.
2.5.1 Potential-drop measurement
In the presented work here, the crack growth has been monitored in corner crack samples
in real time using the potential drop method (PD). In principle, the electric field across a
cracked sample, which is supplied with a constant current, is measured [17]. The potential
(V) is according to Ohm’s law the product of the Resistance (R) and the current (I) [104].
The resistance depends on the material resistivity (ρ), length of the conductor (l) and
conducting area (A). Ohm’s law can be therefore expressed as:
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V = R · I = ρ l
A
· I (2.5)
As seen in equation 2.5 when a growing crack reduces the area, the potential increases
when the current is kept constant. The voltage can be related to a crack length with
aid of calibration curves. Although the method is based on simple physical principles,
the instruments must be capable of measuring very small potential of several tens of
micro volts. Potential drop is an established method for crack growth measurements and
described in standards [105, 106].
Calibration
The calibration curves can be generated with analytical solutions or calibration samples.
Analytical solutions are available for a few simple sample shapes [17]. In general the non
dimensional ratio of the measured potential over starting potential ( V
V0
) is used to calculate
crack lengths relative to the sample dimensions. Consequently, calibration curves can be
generated for a variety of sample dimensions or materials. The analytical calibration
curves should be validated against the experiment e.g. by using the final crack length.
Test conditions can be exactly duplicated with experimental calibration and statistical
estimates of the accuracy can be made [107]. Calibration test samples can be made by
growing a crack and introducing beach marks on the fracture surface with load blocks
of high frequency and load ratio R [108]. The loading blocks are applied until the crack
grows by several tens of micrometers. The potential is recorded during the beachmarking
and then correlated to the crack length, which is measured after sample failure.
Equipment and materials
The applied currents are typically between 5 and 50 A and the generated signal is in the
range of a few millivolts or below [17]. The measuring equipment should able to resolve
small changes of 0.05 to 0.5µV. The stability of the current supply should be equal to the
accuracy of the voltage measurement system. Moreover, all electrical equipment should
be grounded. The metal grips and test frame offer an alternate way for the current to
flow. It should therefore be ensured that the resistance through the grips is several orders
of magnitude larger (ratio 104 : 1) [105]. The test equipment may need to be altered
to isolate the test sample from the grips. The current input wires can be mechanically
fastened or welded to the sample. For the voltage reading, the wires should be as fine
as possible to allow positioning close to the crack. Preferably, the leads are attached by
resistance welding. Twisting of the wires reduces the induction of stray currents, caused
by electromagnetic fields in the test laboratory.
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Experimental errors
The accuracy is larger in metals with a higher resistance and reported to be better than
0.01% of the sample width [17]. There are several measures to increase the accuracy of
the experiment. An important measure is to reduce thermoelectric effects by keeping the
temperature constant and by measuring the potential with and without current. The
first measure is specially relevant in experiments within a furnace, where large thermal
gradients could be present. The latter step allows to subtract the thermoelectric effect
from the signal because it is even present when the current is off. Some instruments
automatically read the voltage as a difference between on and off signals. Choosing the
correct current is also key in avoiding heating up the sample because of its electrical
resistance. On the other hand the current needs to be high enough to generate a signal
that can be easily detected.
The accuracy can be further improved by including voltage measurements of a ref-
erence probe. A drift in temperature or a time dependent conductivity causes a change
in resistivity. Variation in amplifier or current supply may occur during the test. The
recorded ratio eliminates other variables as well, as long as they are constant, and only
change with crack length [107]. The reference reading should be taken from the tested
sample at a location where it is not influenced by the growing crack. This might not
always be possible, in which case readings can be taken from a sample with the same
specifications that is not being stressed. Taking reference readings from a separate sample
also avoids cracks nucleating at the reference probe. Filtering can help to reduce the noise
in the signal. This can be easily done by averaging the digitalised signal. Fast analog to
digital (A/D) converters are able to collect thousands of readings per second, eliminat-
ing random noise and reducing the quantification error by the bit resolution of the A/D
converter. Shorting across the crack may occur when the load is removed. This error may
not be completely avoided but is reduced by reading at or near peak load with an open
crack.
Plastic deformation ahead of the crack tip can change the shape of the crack tip,
hence changing the sample resistivity. This change is not associated with an increase in
crack length, adding a further source for error [107]. In spite of various discussed sources
of errors a typical resolution is about 1µm [109].
Stress intensity calculation
The calculations for the stress intensity factor for the corner crack specimen used in this
project can be found in the BSI standard BS EN 3873:2010 [105]. The compliance yn can
be calculated by:
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yn = MG ×MB ×MS × 2
pi
(2.6)
where MG is the general correction factor and MB is the back face correction factor, MS
is the side face correction factor.
For cracks smaller than a ≤ 0.2 W :
MG = 1.143
MB = 1 + 0.06
a
W
MS = 1 + 0.07
a
W
(2.7)
and for a > 0.2 W
MG = 0.1
( a
W
)2
+ 0.29
( a
W
)
+ 1.081
MB = 0.75
( a
W
)2
− 0.185
( a
W
)
+ 1.019
MS = 0.9
( a
W
)2
− 0.21
( a
W
)
+ 1.02
(2.8)
with a being the crack length and W the sample width. The compliance at the 45◦ position
y45◦ is:
y45◦ = yn
[
0.9335− 0.0045 a
W
+ 0.1295
( a
W
)2
− 0.4845
( a
W
)3]
(2.9)
The change in stress intensity factor ∆K can be calculated by:
∆K = ∆σ × y45◦ ×
√
pia (2.10)
2.5.2 Compliance methods
The crack monitoring using the compliance method is well established and recognized by
institutional bodies [106]. A propagating crack increases the compliance which is defined
as the displacement of the load points (ν) per force (P ) [17]. The strain energy release
rate (G), acting as the driving force for a propagating crack, is related to the change of
compliance (dC
da
) by:
G =
1
2
P 2
dC
da
(2.11)
The presence of a crack gives an additional displacement caused by the displacement
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field around the crack tip. The shape of the field depends on the notch and specimen
geometry and can be described analytically. In general the extra displacement is reduced
rapidly with increasing distance from the crack tip. Consequently, for accurate crack
length measurements the strain needs to be measured as close as possible to the crack.
Two types of gauges are currently in use: remote gauges and near tip strain gauges
which are illustrated in Figure 2.19. The first one monitors the crack length and bulk
behaviour, while the latter is for crack closure measurements. As remote gauges, crack
mouth gauges and back face strain (BFS) gauges are in use. Crack mouth gauges clip
across the notch mouth, held on by springs or rubber bands. Double or single cantilever
type gauges measure the displacement using strain gauges. The single cantilever is more
sensitive but harder to mount. Back face strain gauges are best used for bend specimens.
Because of their greater distance from the crack front they are less influenced by me-
chanical noise from the load pin. For both gauge types, regression analysis of normalised
crack length to width ratio ( a
w
) are used to calculate the crack length. For mouth opening
displacement measurement, the compliance calculation has been verified in international
standards [110].
Figure 2.19: Illustration of remote gauges (top) and near tip strain gauges (bottom) on
a compact tension specimen. From J.K. Donald [17].
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The near tip displacement can be recorded with displacement gauges mounted on
the samples, or by bonded strain gauges. Mounted gauges are single or double cantilever
beams, fastened on a side just behind the crack tip. The gauge tips may be positioned
on the sample with small anvils glued onto the surface or by Vickers indents. Strain
gauges can be glued across the crack or adjacent to the crack on one side of the sample as
seen in Figure 2.19. Gauges attached across the crack rupture during crack propagation
due to high strains. Alternatively, strain gauges are bonded just below the crack within a
distance of less than 3 mm. With this arrangement compressive strains are measured once
the crack approaches the gauge. When the strain field of the crack is out of the range or
ruptured the gauge, the test needs to be interrupted and new gauges are glued on.
The need to measure displacement at the centre of the crack front has led to the
development of push rod gauges (figure 2.20). Two parallel holes of 1 mm diameter are
drilled behind the crack front. One hole is drilled to a depth of 1 mm above the crack,
the other 1 mm below the crack. Two push rods record the displacement of both flanks.
Compliance measurements are used to measure fracture toughness or investigate crack
closure behaviour of materials. In contrast to electrical and acoustic methods the oxida-
tion of the surface or resistivity changes do not mask the measurement.
Figure 2.20: Illustration of push rod gauge, where displacement of both crack flanks is
measured through holes drilled behind the crack front [17].
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2.5.3 Microscopic measurement
Visible light
Most fatigue cracks nucleate at the surface and their propagation can be observed with
microscopes. In contrast to other methods, it is suited to monitor short cracks or relate
crack paths to microstructure. The samples are required to be flat so that the whole area
is in focus. Possible sample designs are compact tension, centre crack panel or single edge
notched samples. To improve visibility, the sample may be ground and polished. The
surface is etched if the microstructure needs to be related to the crack path. The crack
length measurement by travelling microscope requires taking measurements at periodic
intervals. The data acquisition is simple and does not need calibration. Moreover, other
effects such as crack opening/closing, crack tip blunting, plastic flow and decohesion
from shear bands or the crack failure path can be observed. The disadvantage of optical
measurement is that only the crack length at the surface can be measured. Effects such
as shear lip formation, out of plane stresses, crack tunnelling or tip bifurcation could
make the surface unrepresentative for the growth behaviour. For thicker specimens it is
well known that the crack front bows out, generating a mismatch of crack length at the
surface or centre. The application in harsh environments is also limited. High temperature
tests require lenses with long focal length and a window in the furnace to see through.
When testing under normal atmosphere the surface can corrode, deteriorating the crack
visibility. For tests near the threshold it could be difficult to establish whether a crack
ceased to propagate or if the propagation rate is below the microscope resolution. In
addition, a stationary surface crack might propagate below the surface, unnoticed by the
camera. Surface measurements are nevertheless good to calibrate potential drop readings.
Scanning electron microscope
Electron microscopes are used to investigate replicas of cracks or perform fatigue tests
within an SEM. Surface replicas are moulds of the cracked area made from cellulose
acetate sheets or dental impression materials. The surface replicas are coated with a
thin carbon or metal layer to make the surface conducting. If imaging with higher beam
densities is required, a thicker positive replica is made. The metal coated plastic replica
is nickel plated until the metal film is about 100µm thick. After peeling the replica and
cleaning it can be examined by electron microscopy. The SEM has two main advantages
over optical microscopy: higher resolution and greater depth of field. A higher resolution
allows the investigation of microcracks and the larger depth of field simplifies investigation
of rough surfaces. Due to the thick metal surface, fine features might be obscured in the
replica. Typically crack growth path, fracture initiation or propagation obstacles can be
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measured with surface replicas. When the crack progress is marked e.g. by introduction
of beachmarks, the crack length after a certain amount of cycles can be measured.
The SEM can also be employed to observe in situ crack propagation. Loading stages
capable of testing at elevated temperatures have been developed to investigate micromech-
anisms at the crack tip. Of interest is the crack closure, crack opening displacement and
strain field around the crack. The load required to open up the crack tips can be deter-
mined by increasing the force until the crack front start to separate at the point furthest
from the crack. With further load increase, the crack progressively opens up until it is
completely open. The level of fracture mode I or mode II can be seen in the images.
The closure of very small cracks (< 200µm) was investigated with this method revealing
different degrees of opening compared to large cracks. A direct image comparison of a
fully opened or closed crack is used to generate displacement maps. These can reveal
asymmetry in the opening pattern.
2.5.4 Striation counting
Fatigue striations can be used to determine the direction of crack growth and trace back
to the point of origin. Under the assumption that one cycle causes the formation of one
fatigue striation, their separation equals the local crack propagation rate. Striations are
mainly formed in fatigue stage II, where the crack propagation is according to the Paris
law [111]:
da
dN
= C∆Km (2.12)
The crack growth is influenced by local parameters such as grain orientation [112]
and global parameters such as stress amplitude, mean stress, frequency, temperature,
yield stress or environment [113]. A description of a systematic striation measurement to
deduce the number of cycles to failure was described by W.C. Connors [111].
The sample is cleaned and the crack origin identified, preferably with a stereo mi-
croscope. The sample can then be inserted into a SEM with the fracture plane being
perpendicular to the beam, to reduce foreshortening due to tilts. In previous decades
measurement of small spacings of a few tens of nanometers required the analysis of repli-
cas with TEM. Improvements in SEM instrumentation has made the use of TEM obsolete
for this purpose.
A striation count would start with a binocular inspection of the fracture surface to
map the crack growth direction. In case of the corner crack specimen the crack grew
semicircular, hence the count was conducted along the specimen diagonal. To simplify
the SEM operation the diagonal was aligned with the microscope stage x-axis. Beginning
from the end of the precrack, the sample is scanned along the crack growth direction
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until striations start to appear. An image of the striations is taken at a magnification
suitable for counting. The distance to the origin is recorded either by logging the stage
position. The sample is then scanned along its diagonal until the point of final fracture is
found e.g. by the advent of dimples. The distance from begin of first visible striation to
final fracture is then divided by 20, which is the number of positions that will be imaged
for the striation count. Each position along the growth path is then imaged by using the
appropriate stage coordinates. By imaging at the calculated coordinates a bias introduced
by the users urge to image easy to count striations is removed. A magnification is chosen
that allows the identification of individual striations and the image contains a few sets
of striations. From each image 3-5 sets are then averaged to calculate an average crack
growth speed.
The number of cycles until failure can be estimated by plotting the striation separation
as a function of crack length.
da
dN
= Cam
log
(
da
dN
)
= log(C) +m · log(a)
(2.13)
By plotting the striation count data in a double logarithmic plot of the striation
separation versus the crack length the coefficient m is the slope and C the y-axis intercept.
Separating the variable yields:
dN =
da
Cam
(2.14)
The equation can be integrated to calculate the number of cycles to failure Nf∫ Nf
0
dN =
∫ af
ai
1
Cam
da (2.15)
with ai being the crack length where striation occur and af the final crack length.
The number of cycles until failure should not be extrapolated for the crack lengths
below the first visible striations. Furthermore, at a propagation rate below about 0.2 µm
cycle
,
a single load cycle does not form a single striation [112]. For low crack growth rates several
cycles contribute to the formation of a single striation. Investigation of crack growth rates
by examining striations is used in failure investigations [114].
2.5.5 Other methods
Fine microcracks can be contrasted using gel electrode method for later microscope exam-
ination [17]. At the beginning a thin anodic oxide layer has to be formed on the surface.
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A fatigue crack fractures the layer, exposing the metal below. A mixture of potassium
iodide (KI) and starch is applied on the surface. An electrical current is passed through
the sample and mixture, which concentrates at the areas with exposed metal. The KI
oxidises, releasing I+ ions that react with the starch, depositing a black compound at the
microcracks.
The crack tips can be imaged using photo electron microscopy. The rupture of thin
surface oxide layers lead to the emission of photo electrons. A propagating crack also emits
electrons which are also stronger than those emitted from the area of plastic deformation.
2.6 Summary
Titanium became essential for jet engine design because of its low density and compara-
tively high yield strength. High rotation speeds of several thousand rotations per minute
introduce large tensile stress that mechanically fatigue the component. Plastic deforma-
tion in metals in general is mainly accommodated by dislocation glide. In titanium with
its hexagonal crystal structure the possible slip deformation is on prismatic, basal or
pyramidal planes. For a slip system to be active depends on the grain orientation to the
principal stress axis, length of burgers vector and dislocation type. In addition, there
is evidence that dislocation glide can differ under continuous cyclic loading and dwell
fatigue loading.
Fatigue crack initiation and propagation were linked to the activated slip system.
Fatigue initiation was often observed to occur by the formation of facets, with the grain
fracturing near the basal plane. Mechanism for facet formation has been proposed for
dwell fatigue based on the Stroh model. Shear stresses are introduced by dislocation pile
ups at grain boundaries in neighbouring grains. Although this model is widely accepted
there is little experimental evidence. Recent developed sample preparation techniques
allow sample preparation by foil lift outs from site specific areas. During this PhD samples
were prepared from facets to show the facet formation mechanism.
Crack propagation in titanium can occur by the formation of ripples on the surface, so
called striations. Striations separation are a record of the local propagation rate. Several
formation mechanism were proposed, the most prominent being the Neumann and the
Laird model. According to the laird model a striation is formed by crack tip blunting
along a slip band. The Neumann model proposes that striation form by alternating slip
on the opposite sides of the crack. In metals such as aluminium and steel there were some
attempts to measure striation profile that showed striation height to separation ratio is
about 0.1. This ratio was seen to be influenced by the load ratio R. For titanium there
are no studies available that show influence of fatigue loading on the profile of striation.
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Insight on the effect of frequency, waveform or R-ratio in the striation shape could be
used in failure investigation to infer the acting fatigue regime.
3. Experimental
3.1 Material
Unidirectionally rolled Ti-6Al-4V was used throughout for the fatigue experiments. The
plate material supplied by Timet has been forged in the β phase field, rolled in the
α + β phase field and then creep flattened. The microstructure, which can be seen in
Figure 3.1, consisted of a near equiaxed α phase. The average grain size measured with
the line interception method was found to be 10.1µm. The amount of beta phase was
6 %, measured by calculating the area fraction in optical micro graphs. Beta grains were
typically situated at the triple points of the alpha phase.
Figure 3.1: The microstructure of the Ti-6Al-4V consisted of equiaxed α grains with β
grains at the triple points. The microstructure was revealed by etching with Kroll solution
and imaged with optical microscope.
43
44 CHAPTER 3. EXPERIMENTAL
Figure 3.2: EBSD maps of as-received material collected from the ND-RD plane, sepa-
rated into hard and soft grains. Hard grains (ref) are oriented with the c-axis parallel to
the loading direction, making them unfavourable oriented for slip. Soft grains are perpen-
dicular to the loading direction. Hard grains are arranged in layers parallel to the loading
direction.
As seen in the EBSD map in Figure 3.2, the as-received plate exhibits layers of sim-
ilarly oriented grains laying parallel to the rolling direction (RD). These are shown in
red and extend up to 150µm along the normal direction (ND). These grains respond
similarly to mechanical stress and are therefore often seen as a structural unit. This is
reflected by referring to them as ‘macrozones’. The macrozone texture was identified as
{112¯0} 〈0001〉 [115]. Grains within that zone have the c-axis aligned with the transverse
direction (TD) of the material. Grains outside macrozones have a {101¯0} 〈0001〉 texture
with the (0001) plane normal to the rolling direction. Figure 3.2 shows that these grains
are confined by the macrozones.
The tensile properties of the as received material can be seen in Table 3.1 that were
provided by the manufacturer. The unidirectional rolled plate exhibited higher yield
strength and Young’s modulus in the transverse direction because of its texture.
Table 3.1: Mechanical properties of the as-received material, provided by Timet.
Direction 0.2% Y.S. (MPa) U.T.S. (MPa) Youngs Modulus (GPa) RA (%)
Transverse 953 1046 134 42.5
Rolling 884 989 125 40.5
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3.2 Fatigue samples
3.2.1 LCF sample
For the low cycle fatigue experiments, cylindrical threaded samples with gauge diameter
of 2.5 mm were used according to the specifications in Figure 3.3. The loading direction
(LD) was chosen to be along the transverse direction of the material. To minimise the
effect of the surface, the gauge sections have been polished with colloidal silica suspension
(OP-S). This reduced the chance of initiation at machining marks. The relative small
sample diameter was chosen to mimic the web structure in the fan blade. Because the
samples were unnotched, natural crack initiation could be observed.
By having the loading direction parallel to the transverse material, the grains within
the macrozone are oriented with the c-axis parallel to the loading direction (hard grains).
Under tensile stress they are unfavourably oriented for slip, causing the softer grains
outside the macrozone to strain more. According to the Stroh model the samples are
expected to be more dwell sensitive.
3.2.2 Corner crack sample
The samples for crack growth using potential drop measurement were of corner crack
design with a 5 × 5 mm square cross section, as shown in Figure 3.4. At the centre of
Figure 3.3: Drawing of the round threaded sample design for LCF and dwell fatigue
tensile experiments. The tensile loading is along the transverse direction of the plate
material.
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Figure 3.4: Drawing of the corner crack specimen for crack growth using potential drop
experiments. A notch about 0.23 mm deep for local crack initiation is machined in one
corner of the square cross section.
the gauge section a notch was machined into a corner for local crack initiation. The
specimens were cut from the as-received material with the loading direction along the
rolling direction. By this measure the texture should encourage the formation of striations
as the growth mechanism. The normal direction was along the diagonal of the sample
which intersects the notch. The crack is initiated at the notch and then propagates in a
semi-circular shape.
The corner crack specimen were used in particular to analyse fatigue striation. The
length of crack propagation is larger than in the LCF specimen, giving more area to
analyse. The loading direction was chosen to be parallel to the rolling direction. The
grains in the macrozone are now oriented with the c-axis perpendicular to the rolling
direction. Under tension slip on the prismatic planes should be easily activated. Striations
were seen to form by slip on these planes, hence striation formation is encouraged during
the test.
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3.3 Metallography
For imaging of the microstructure and collection of EBSD maps, the samples needed to
be ground with a series of grinding papers and then polished. At first the specimens
were sectioned into pieces small enough for mounting in resin. The cutting was done on
a Struers Accutom-5 or Secotom with low feed speed of 0.015 mm s−1 and high wheel
speeds of around 3000 rpm to reduce the introduction of damage. Depending on the
further experimental process, the sectioned pieces were then mounted in a thermoplastic
phenolic resin or a clear acrylic resin. The clear resin allowed the observation of the
sample with an optical microscope during grinding and polishing. On the other hand the
thermoplastic resin was harder, resulting in better edge retention.
The grinding and polishing was done on a RotoPol-15 or Tegramin-20. For the grinding
step a series of SiC papers with increasing roughness from P500 to P4000 were used.
After each grinding step, lasting about 1 minute, the samples were cleaned with water
and washing liquid to remove grinding particles or debris. The final polishing step was
done with OP-S which has been neutralised beforehand with H2O2. When the 10 minute
polishing step was finished, the samples were etched with a Kroll solution (92 % H2O,
6 % HNO3, 2 % HF) to reveal the microstructure under optical microscopy. If only EBSD
measurements were carried out, the etching step was omitted. Fracture surfaces were in
general only prepared by cleaning the thread and then cleaned it with acetone in an
ultrasonic bath.
3.4 Projections and quantitative tilt fractography
3.4.1 Map projections
Map projections are used in astrology, geology, civil engineering or crystallography to rep-
resent orientations of directions and planes. The earliest projections of the world are over
2000 years old and hundreds of projections have been developed since. Most projections
are modifications of existing ones, some with little practical relevance [116].
All map projections start with a spherical projection, as seen in Figure 3.5. The object
is imagined to be in the centre of a sphere, which is much larger than the object. Every
plane or direction that is to be projected passes trough the centre of the sphere. Directions
are projected by lengthening them until they intersect with the sphere at one point (P),
the now called spherical projection. Planes can be represented as great circles on the
sphere or by their normal vector. A great circle is formed, when the plane is stretched
out until it intersects the sphere in a circle. Great circles have their name because they
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exhibit the same diameter as the sphere. To simplify the projection, planes are usually
represented by their normal vector.
The lines of longitude are great circles which pass through the poles. All latitude
lines, except for the equator, have a diameter smaller than that of the sphere and are
henceforth called small circles.
The spherical projections are three dimensional objects and unsuitable to be drawn
on a flat piece of paper. However, several methods were developed to perform projections.
When a 3 dimensional object is transformed into 2 dimensions, some spatial information
is lost or distorted. A variety of projection methods are available, each with a character-
istic distortion of the spherical projection. Depending on which aspect is preserved, the
projections can be categorised as seen in Table 3.2. Aspects that can be preserved are
directions, shapes, size of areas, distances or shortest routes. Some projections modify
all properties to achieve minimum overall distortion. Apart from the preserving aspect,
projections may also be classified by geometric aspects used for their construction.
The most common are azimuthal, cylindrical and conical projections, that are illus-
trated in Figure 3.6. In azimuthal projections the sphere is mapped onto a plane tangent
to it. The distortion is zero at the contact point. The resulting grid pattern is circular.
Figure 3.5: Construction of a stereographic projection of a plane normal. The crystal
is imagined to be in the centre of a comparatively large sphere. The line of the plane
normal intersects the sphere at point P. A line between P and the bottom point of the
sphere Q is constructed. The line intersects the horizontal projection plane at R, which
is the stereographic projection.
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Figure 3.6: Types of geometrical constructions based on projection of the spherical
projection on a plane (azimuthal), cylinder (cylindrical) or cone (conical). The projection
surface can tangent or secant the sphere.
Cylindrical projections use a tubular projection plane around the sphere. The contact is
in this case a great circle on the sphere. All latitude and longitude lines are straight in the
projection. A conical map is constructed by placing the projection plane as a cone around
the sphere. The contact is now a small circle of the sphere. These projections have a char-
acteristic fan shape, with grid lines as concentric circular arcs. If the projecting planes
do not simply tangent the sphere but intercept it, cylindrical and conic projections will
have two lines of zero distortion while the azimuthal will have a line of zero distortion.
The term pseudo projections is used when a map resembles a geometrically constructed
one, although it is a pure analytical construction.
Stereographic and Mercator projection
For the representation of spatial orientations, the stereographic projection (greek stereos
‘solid’) was found to be most suitable. In this projection the angular relationships between
planes and directions are conserved. It belongs to the class of azimuthal projections.
Traditionally the projection is constructed graphically with a Wulff net. For visualisation
of crystallographic and spatial orientation of grains the Mercator projection was chosen.
In this projection the longitudinal and latitude are straight lines, allowing the axis to be
cropped.
Stereographic projection As seen in the Figure 3.5 the plane of projection passes
horizontally through the centre of the sphere. Poles on the upper hemisphere are projected
by drawing a line between the lower point of the sphere (Q) and the pole on the sphere
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Table 3.2: Map projection classes categorised based on their preservation characteristic
when converting the spherical projection onto a 2-dimensional plane.
Preserving Projection Examples
direction azimuthal Azimuthal equidistant, Gnomonic, Lambert azimuthal
equal area, Stereographic, Orthographic, Vertical
perspective, Two-point equidistant, Littrow, Hammer
retroazimuthal, Craig retroazimuthal
shape
locally
orthomorphic
(conformal)
Mercator, Gauss-Krueger, Lambert conformal conic,
Stereographic, Peirce quincuncial, Guyou (hemisphere
in a square projection), Adams (hemisphere in a
square projection)
area authalic
(equal-area)
Lambert cylindrical equal-area, Behrmann, Hobo-Dyer,
Gall-Peters, Sinusoidal, Mollweide, Eckert II, Eckert
IV, Eckert VI, Goode homolosine, Tobler hyperellip-
tical, Collignon, HEALPix, Boggs eumorphic, Craster
parabolic, Flat-polar quartic, Quartic authalic, Ham-
mer, Albers conic, Werner, Bonne, Bottomley, Lambert
azimuthal equal-area, Quadrilateralized spherical cube
distance equidistant Equirectangular, Cassini, Equidistant conic projection,
Azimuthal equidistant, Two-point equidistant,
shortest
route
gnomonic Gnomonic
compromise Gall stereographic, Miller, Kavrayskiy VII, Robinson,
Natural Earth, Wagner VI, Aitoff, Winkel tripel, Van
der Grinten, B. J. S. Cahill’s Butterfly Map, Cahill-
Keyes Projection, Waterman butterfly projection, Dy-
maxion map, Myriahedral projections, Armadillo
(P). The intersection of the line and the horizontal projection plane is the stereographic
projection of the pole (R). Poles on the southern sphere are projected by constructing
a line to the upper most point on the northern sphere instead. To distinguish between
the two hemispheres, intersection points that represent the lower half of the crystal are
drawn as open circles, while solid circles are used for the upper half.
Some of the properties of stereographic projections are listed as follows [117]: (1) sym-
metry properties of axis perpendicular to plane of projection are preserved, (2) angular
relationships between poles are preserved, (3) angles between poles are measured along
great circles the aid of a Wulff net, (4) rotations around the axis perpendicular to the pro-
jection plane do not change angular relationships, (5) all longitude circles on the sphere
are great circles in the stereographic projection but latitude circles (except equator) are
generally not.
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Figure 3.7: Example of striated grain micrographs taken at two different microscope
stage tilts for QTF. The plane of interest is defined by three features (A, B, C) on the
striated grain. A fourth feature acts as origin (O) for the calculation of the plane normal.
Mercator projection The Mercator map, developed in 1569, is a conformal projection
[116]. This means that at any point the size distortion is the same in every direction.
Around the equator the distortion is zero. Towards the pole the distortion increases
drastically and projections are typically cut at very high angles. The poles itself can not
be represented. As typical for cylindrical maps, parallels and meridians are depicted as
straight lines.
3.4.2 Quantitative tilt fractography
The fracture of polycrystalline material can occur in a faceted way. Therefore it is of great
interest to measure the spatial orientation of facets in order to calculate the resolved shear
stresses or determine the crystallographic plane of fracture. Quantitative tilt fractography
(QTF) is a suitable tool to measure spatial orientation of small objects such as fatigue
facets. The method used in this thesis was based on the descriptions by G. Themelis
[118] et al. and V. Sinha [67] but was slightly modified for additional analysis of facet
curvatures.
For quantitative tilt fractography, two SEM images of a feature of interest were taken
at the same magnification but at different tilt angles. Four characteristic points needed to
be identified and found in both images, as illustrated in Figure 3.7. Three of these points
(A,B,C) form a plane for which orientation is being measured and the fourth point (O)
is the coordinate system origin. The (xA1 , y
A
1 ) coordinates of A, B, C with respect to the
image coordinates are taken from the images at tilt angles θ1 and θ2. The position of the
features relative to O are calculated in the following way:
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χA1 = x
A
1 − xO1 , χA2 = xA2 − xO2 (3.1)
υA1 = y
A
1 − yO1 , υA2 = yA2 − yO2 (3.2)
Each point exhibits also a position along the z-axis (ζ1, ζ2) that is unknown but not
needed as the following derivation shows. The relationship between a point in the image
taken at tilt θ1 to its position at tilt θ2 can be described with a rotation matrix. A
point in the SEM coordinate system can be described by its 3 coordinates (X0, Y0, Z0).
The z-axis is along the electron beam and x-y-axis are the axis of the microscope stage.
Depending which microscope system is used the stage tilt can be around the x or y axis.
For the system used here the tilt occurs around the x-axis, hence a coordinate rotation
is described by:
χ1υ1
ζ1
 =
1 0 00 cos θ1 − sin θ1
0 sin θ1 cos θ1

X0Y0
Z0
 (3.3)
for tilt θ1 and for θ2
χ2υ2
ζ2
 =
1 0 00 cos θ2 − sin θ2
0 sin θ2 cos θ2

X0Y0
Z0
 (3.4)
from this we can see the relationship between the coordinates.
(
υ1
υ2
)
=
[
cos θ1 − sin θ1
cos θ2 − sin θ2
](
Y0
Z0
)
(3.5)
After rearranging
(
Y0
Z0
)
=
1
sin(θ1 − θ2)
[
− sin θ2 sin θ1
− cos θ2 cos θ1
](
υ1
υ2
)
(3.6)
As seen in equation 3.6, the X0 coordinates do not change with a rotation around the
same axis. It is therefore assumed that X0 = χ1 = χ2. Due to human error in pinpointing
the exact x-position, they may not be exactly the same and X0 is calculated using the
average. All coordinates of the feature of interest can therefore be calculated as following.
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X0 =
χ1 + χ2
2
Y0 =
−υ1sinθ2 + υ2 sin θ1
sin(θ1 − θ2)
Z0 =
−υ1 cos θ2 + υ2 cos θ1
sin(θ1 − θ2)
(3.7)
By comparing χ1 and χ2 the alignment of image axis and microscope stage can be
checked. In a perfect aligned microscope, the horizontal distance between the features
should not change when the stage is being tilted.
The equations in 3.7 simplify when the first tilt θ1 is 0
◦. The coordinates of each
point A(XAo , Y
A
o , Z
A
0 ), B(X
B
0 , Y
B
0 , Z
B
0 ) and C(X
C
0 , Y
C
0 , Z
C
0 ) are calculated. In the liter-
ature there are no recommendations about the amount of tilt that should be used. In
this work tilts of 0◦ and 30◦ were employed when possible as they were thought to give
sufficient change in y-coordinates and decent SEM images.
From the coordinates of the three points the normal of the plane−−→nmic in the microscope
coordinate system can be calculated by forming the cross product of line
−→
AB and
−→
AC.
−−→nmic = −→AB ×−→AC =
X
B
0 −XA0
Y B0 − Y A0
ZB0 − ZA0
×
X
C
0 −XA0
Y C0 − Y A0
ZC0 − ZA0
 =
X
N
Y N
ZN
 (3.8)
At this point the microscope coordinate system was aligned with the material coordi-
nate system which were the rolling direction, transverse direction and normal direction.
In case of the round LCF sample, the microscope z-axis was already aligned with the
transverse direction by specimen design. Hence the QTF data was only rotated around
the z-axis by an angle γ to align the other two axes.
−−→nmat = Rz(γ)−−→nmic =
cos γ − sin γ 0sin γ cos γ 0
0 0 1

X
N
Y N
ZN
 (3.9)
The Cartesian coordinates are then transformed into angular coordinates that are
more suited for map projections. The map projections were made with a Mapping Toolbox
from MATLAB R© which can produce a variety of projections. For the most projections
the coordinates are required to be spherical coordinates. A vector is then described by
radius r, latitude δ and longitude κ which can be obtained from Cartesian coordinates.
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rsph =
√
(XN)2 + (Y N)2 + (ZN)2
δsph = arccos
 ZN√
(XN)2 + (Y N)2 + (ZN)2

κsph = arctan
(
Y N
XN
)
(3.10)
All projections were on a unit sphere with the radius of 1. The presented Mercator
projections use the spherical coordinates.
A stereographic projection is constructed by using the angle of the vector towards the
x- and y-axis. When the vector is normalised then the angle to the axis is the cosine of
the vector elements:
rste =
√
(XN)2 + (Y N)2 + (ZN)2
δste = arccos (X
N)
κste = arccos (Y
N)
(3.11)
The reader is advised to take care that the coordinate axis of the used software for the
map projections conform with the SEM axis definition.
3.5 Crystal orientation
Most material classes such as ceramic, metals or semiconductors are crystalline in the
solid state. Each crystal has an orientation, which describes how planes of a crystal
are positioned relative to a fixed coordinate system [19]. Apart from some applications,
materials are usually polycrystalline, each crystal then termed as a grain.
The texture measured with x-ray diffraction techniques gives an integral measurement
of the grain orientation distribution in a sample, with disregard of the spatial orienta-
tion. The texture is on a macroscopic scale, hence termed ‘macrotexture’ [119, 19]. Since
the early 1980’s developments in SEM and TEM techniques allow the measurement of
individual grain orientations, enabling investigation of ‘microtextures’. The microtexture
describes the orientations between neighbouring grains.
3.5.1 Notation of planes and directions
The notation of hexagonal axis and planes in four elements is convenient as family of
planes can easily be distinguished and it represents the crystal symmetry. For matrix
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operations a rhombohedral notation must be used. The relations between a direction in
hexagonal [u v tw] and rhombohedral [U V W ] indices are [18]:
U = u− t V = v − t W = w
u =
1
3
(2U − V ) v = 1
3
(2V − U) t = −(u+ v) w = W
(3.12)
A plane with Miller-Bravais indices (h k i l) can be expressed in a rhombohedral axis
system (HK L) using following expressions:
H = h K = k L = l
h = H k = K i = −(H +K) l = L
(3.13)
For hexagonal materials, the rhombohedral indices are normalised by multiplying with a
transformation matrix N in the form of:
N =

a −a
2
0
0 a
√
3
2
0
0 0 c
 (3.14)
with a and c being the lattice parameter. A transformation of a direction in rhombohedreal
R[U V W ] system into a orthonormal system R[xyz] and vice versa is:
R[xyz] = N R[U V W ]
R[U V W ] = N
−1 R[xyz]
(3.15)
Figure 3.8: Illustration of orthogonal axis (x, y, z), hexagonal axis (a1, a2, a3, c) and
rhombohedral (a1, a2, c) in a planar (a) and perspective view (b). From M. Niewczas [18].
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The multiplication with the transformation matrix for a plane in rombohedral system
n(HK L) and orthonormal system n(xyz) are.
n(xyz) = n(HK L) N
−1
n(HK L) = n(xyz) N
(3.16)
It should be mentioned that the direction vectors are column vectors, while the plane
vectors are row vectors.
3.5.2 Electron backscatter diffraction
Electron backscatter diffraction (EBSD), is capable of analysing texture in the micro
and macroscopic scale, making it the method of choice in modern texture analysis. The
principle is the analysis of Kikuchi patterns formed by backscattered electrons. EBSD
systems are add-on packages to SEM systems, giving it nanometer scale resolution. A
summary of modern EBSD was given by A.J. Wilkinson and T.B. Britton, including
applications in strain measurement and 3D microscopy [120].
For EBSD measurement the samples were prepared with standard metallographic
preparation techniques of grinding and polishing. The backscattered electrons are gener-
ated in a very thin surface layer (∼ 40 nm), hence the polishing is important for good
pattern generation. The samples were then inserted into the microscope chamber (Zeiss
Auriga) and if necessary oriented towards the detector with respect to process axis of
the material. Depending on the task, the area and step size an exposure time is chosen
to achieve a compromise of resolution and acquisition speed. For macrotexture measure-
ments, larger step sizes were chosen to increase the number of measured grains.
When an electron beam enters a crystal it scatters diffusively [121]. As a result,
electrons with various angles to crystal lattice planes are generated. When scattered
electrons arrive at a plane under the Bragg angle, they are scattered elastically. Because
the diffraction occurs in all directions, the trace of the exiting electrons build the surface
of a cone (Kossel cone). The electrons shine on a phosphor screen or camera, where the
pattern is recorded. Because the Bragg angle is just about 0.5◦, the cones appear as
parallel lines. The generated patterns are called Kikuchi patterns.
The pattern represents the unit cell of the material and its orientation towards the
incident beam. As seen in Figure 3.9 the sample surface is tilted 70◦ to reduce the path
length of back scattered electrons. In the tilted sample the interaction volume between
beam and sample is reduced. Consequently, the absorption of back scattered electrons
is reduced and more can escape from the sample. This method is known as electron
back-scattered diffraction. Nevertheless, the crystallographic information from EBSD is
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Figure 3.9: Sample configuration for EBSD measurement. Electrons hit the tilted sample
surface and are diffusively scattered. These electrons diffract on crystal planes and exit
the sample in the shape of a cone (Kossel cone), that appear as almost straight lines on
the detector.
equivalent to Kikuchi patterns generated in TEM, for which reason the patterns are
also known as pseudo Kikuchi patterns. When the coordinates of the pattern centre,
the specimen to screen distance and the relationship between the microscope stage and
camera are known, the EBSD pattern can be indexed. Fast algorithms are able to solve
patterns which allows automatic orientation measurements within a fraction of a second.
In this study, EBSD was also carried out on unprepared fracture surfaces. This was
possible when the features were flat and no obstacles were blocking the diffracted electron
beam.
3.5.3 Orientation matrix
To describe the orientation of a crystal two fixed Cartesian coordinate systems need to be
established [19]. The first system (specimen coordinate system) is chosen in accordance to
external sample axis S = {s1, s2, s3}, with axes representing shape or process directions.
In the case of the unidirectional rolled material the axis are the rolling direction (RD),
transverse direction (TD) and normal direction (ND). The second system is the crystal
coordinate system C = {c1, c2, c3} and can be chosen arbitrarily but should represent
the crystal symmetry. For hexagonal crystal the axes might be −→x = [101¯0], −→y = [1¯21¯0]
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and −→z = [0001]. The orientation g of the crystal is the relation of the crystal coordinate
system CC to the specimen coordinate system CS and can be described as [19]:
CC = g ·CS (3.17)
The orientation g is a 3 × 3 matrix where the rows are filled with the cosines of the
angles between the crystal axis and the sample axis. The first rows are the angles between
the first crystal axis [100] and the three specimen axes X,Y,Z. The elements in the second
and third rows are the angles between the [010] and [001] crystal axis, towards the sample
axis.
g =
cosα1 cos β1 cos γ1cosα2 cos β2 cos γ2
cosα3 cos β2 cos γ3
 =
g11 g12 g13g21 g22 g23
g31 g23 g33
 (3.18)
To describe the orientation of a crystal, only three independent elements are required,
but the orientation matrix contains nine elements. The redundancy can be used to verify
the correctness of the orientation matrix. For instance the cross product of two columns
must give the third column.
Figure 3.10: Illustration of the Euler angles (ϕ1, φ, ϕ2), that show the sequence of sample
rotations that relate the sample to the coordinate system. After O. Engler [19].
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3.5.4 Euler angles
A way to expresses orientation in three independent numbers is the use of Euler angles.
The orientation from EBSD measurements are typically expressed in this notation. The
Euler angles (ϕ1, φ, ϕ2) are rotations that when performed in the right sequence, as seen
in Figure 3.10, transform the specimen coordinate system into crystal coordinate system.
Different conventions are used, the most common being the Bunge notation. The rotation
ϕ1 is around the normal direction, transforming the TD into TD’ and the RD into RD’.
The second rotation φ is around the new rolling direction RD’. The last rotation is about
the new normal direction ND”. The rotation matrices are:
gϕ1 =
 cosϕ1 sinϕ1 0− sinϕ1 cosϕ1 0
0 0 1
 gφ =
1 0 00 cosφ sinφ
0 − sinφ cosφ
 gϕ2 =
 cosϕ2 sinϕ2 0− sinϕ2 cosϕ2 0
0 0 1

(3.19)
The multiplication of the transformation matrices in the following sequence gives the
orientation matrix.
g = gϕ2 gφ gϕ1 (3.20)
The angles are defined in the range 0◦ ≤ ϕ1, ϕ2 ≤ 360◦ and 0◦ ≤ φ ≤ 180◦. To gener-
ate a stereographic projection the Euler angles needs to be converted into the spherical
coordinate system. The orientation matrix g is used to calculate the vector of a pole
(H K L) with the Cartesian coordinates (X, Y, Z) using the following equation:
XY
Z
 = 1√
H2 +K2 + L2
g11 g21 g31g12 g22 g32
g13 g23 g33

HK
L
 (3.21)
The vector is normalised to unit length by division through
√
H2 +K2 + L2. The
latitude and longitude are obtained by converting the coordinates. Depending on the
projection type, the vector was converted into spherical coordinates using equation 3.10
or for a stereographic projection using equation 3.11. If the orientation of the crystal
needed to be related to process directions, rotation of the vector were carried out by
multiplying with the rotation matrix before the coordinate conversion.
The samples used here were typically already aligned with one process axis due to
the sample design. The longitudinal axis of the LCF samples were parallel to the z-axis
the microscope stage. Hence, the stage coordinate system was aligned with the sample
coordinate system (process directions) by a rotation around the z-axis using the rotation
matrix already used in equation 3.9. For the EBSD measurements of features on fracture
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surfaces, the stage tilt needs to account for the tilt of the feature of interest. This is done
by reducing the tilt angle by the pre-tilt of the feature. In that case the recoded data
needed to be rotated around the x-axis, which was the stage tilt axis. The rotation matrix
around the x-axis was:
Rx(γ) =
1 0 00 cos(γ) − sin(γ)
0 sin(γ) cos(γ)
 (3.22)
3.6 TEM
3.6.1 Sample preparation
The absorption of electrons in metals is very strong, which means that only very thin
samples are electron transparent. Therefore, the specimens need to be thinned until elec-
trons are able to transmit through it. The sample preparation can be site-specific or non
site-specific. Site-specific foils were lifted from the fracture surface using a focused ion
beam microscope with a nanomanipulator. With this method a foil can be preprepared
from individual grains or features from a fracture surface. TEM foils prepared by elec-
tropolishing contain more grains but are not site specific. This made it the method of
choice for sample preparation of the as-received material.
Electropolishing
From the material a thin plate was cut out with a cutting wheel. The thicknesses of the
slices were below 500µm but still needed to be ground further to a thickness of around
250 − 300µm. A grinding paper with fine particle size was used, to reduce the damage
introduced into the surface. From this slice a small disc with a diameter of about 3 mm
was cut out using a spark eroder. Foils taken from the sample gauge section had already
a diameter to fit in the TEM sample holder and would not need this step. The discs
were then further thinned to a thickness of 120 − 150µm. After careful cleaning with
methanol, the final preparation step was electropolishing with a TenuPol-5. A mixture of
3 % Perchloric acid, 57 % Methanol and 40 % Butanol, cooled with liquid nitrogen to a
temperature of -50◦C was used for etching. The potential at the sample was set to 20 V.
During the polishing, the centre of the disc experienced the most material removal, slowly
creating a hole. An exposure meter measured the amount of light that passed through
the foil and stopped the process above a set threshold. The material around the hole is
sufficiently thin for transmission electron microscopy. When the polishing stopped, the
samples were washed repeatedly with deionised water to stop any etching.
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Foil lift out
Site specific foils from fracture surfaces were prepared using a combined FIB-SEM system
(Helios NanoLab 600). Before introducing the samples into the microscope they were
cleaned by washing them with acetone in an ultrasonic bath, followed by plasma cleaning.
In the microscope the samples were imaged using the electron beam (SEM) and the Ga+
beam (FIB). The electron beam was perpendicular to the stage, while the FIB column
was inclined 52◦ towards it. Both beams intersect at a point, which is the eucentric height.
Through this point likewise runs the rotation axis of the stage. The foil lift outs were
carried out with the sample focused at this point. This ensured that the sample feature
was in focus in both images and the site of interest did not move out of the image during
stage rotations.
When the site of interest was brought to the eucentric height, the first step was
to deposit a 1 − 2µm thick Pt layer to protect the site of interest (Figure 3.11 a). A
rectangular area up to 20 × 2µm was covered with Pt, which would be the site of the
later foil. In the next step trenches were cut above and below the Pt, each about 10µm
deep (Figure 3.11 b). In subsequent steps, the foil trenches were thinned until a wall
thickness of about 1µm. The stage was then tilted from 52◦ to 7◦ to cut the foil out
of the sample (Figure 3.11 c). A small connection with the bulk material is maintained
until the sample is attached to a nanomanipulator. For the lift out the stage was tilted
to 0◦. The free floating side of the foil was welded onto the needle with Pt deposition and
the small connection to the sample was removed with the Ga+ beam. The sample, now
only connected to the nanomanipulator, was lifted out of the trench and transferred to a
copper grid (Figure 3.11 d). The sample was attached by Pt deposition to a lever on the
grid and cut loose from the needle (Figure 3.11 e). The last step consisted of thinning
the foil by performing series of cleaning steps with reducing beam currents to minimise
ion implantation. The foil was kept thicker where it is joined to the lever, to prevent it
from bending under it’s own weight. At the tip, the foil was between 100− 200 nm thick
(Figure 3.11 f). The image quality is better in thin foils but Kikuchi patterns used to
examine the sample crystallography are clearer in thicker samples.
3.6.2 Analysis of dislocations
Dislocations exhibit a strain field around them, which changes the lattice parameter in the
vicinity around them. This distorts the plane spacing, altering the diffraction conditions
locally. This strain field can be observed with TEM, allowing dislocation analysis [122].
A main challenge of dislocation analysis is the proper orientation of the crystal to
cause specific planes to diffract. The crystal orientation can be inferred from imaging
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Figure 3.11: Steps during the TEM foil lift out using a combined FIB-SEM machine.
An area was protected by a deposited Pt layer for later lift out (a). Two trenches were cut
using the Ga+ beam (b) and the foil was cut from the sample except a small connecting
bridge (c). After the foil was welded onto the nanomanipulator (d) it could be cut from
the sample. The foil was then attached to a Cu grid (e) and polished to a thickness around
200 nm (f).
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of Kikuchi bands. Diffraction patterns are in general only useful when a lot of planes
comply with Bragg’s law. This is the case when a zone axis of the crystal is parallel to
the electron beam. Orientation measurement with Kikuchi patterns is preferred because
patterns are also generated when no zone axis is parallel to the beam. For Kikuchi patterns
the electrons need to be scattered diffusively, the foil should be therefore ideally more than
100 nm thick. Kikuchi maps of hexagonal material can be found in text books and were
used as ’road maps’ for tilt experiments. The principle sample orientation was performed
in the following way.
A Kikuchi pattern was projected onto the phosphor screen of the TEM. The sample
was tilted so that the nearest zone axis was in the centre of the screen. Then a diffraction
pattern was collected and the angles between the planes were measured. The pattern
could be compared to reference patterns found in the literature and the zone axis along
with the planes were indexed. It should be noted that the diffraction pattern and Kikuchi
bands are rotated to each other about 90◦. By following the Kikuchi lines, other zone
axes in the crystal were easily accessed.
For the dislocation analysis, the Burgers vector and slip plane were of interest. The
slip plane can be examined by trace analysis while the Burgers vector is concluded from
contrast experiments. Dislocations lie on slip planes but not necessary in a straight line.
By viewing the slip plane edge on, the trace of it would appear as a straight line in the
image. A dislocation on such plane has to appear straight as well. For hexagonal materials
there are three major families of slip planes, the basal plane (0001), three prism planes
{101¯0} and three first order pyramidal planes {101¯1}. To identify the slip plane the traces
of these seven planes need to be imaged. To speed up the process, images should be made
from a zone axis where several slip planes meet. The zone axes available for imaging are
usually restricted by the orientation of the grain and the amount the sample can be tilted
in the microscope.
The Burgers vector can be determined by taking several bright field images under
different diffraction conditions. The visibility of a dislocation depends on its Burgers
vector (~b) and the diffracting plane (~g). A screw dislocation has no diffraction contrast
when ~g ·~b 6= 0 [122, 123]. By collecting bright field images of different diffracting planes,
the Burgers vector can be found. For bright field images of a single diffracting plane,
the sample was tilted away from zone axis along a Kikuchi line, as illustrated in Figure
3.12. One of the Kikuchi double lines was then brought to the centre of the phosphor
screen. In the diffraction pattern, the spot corresponding to the excited plane appears
brighter. Diffraction spots of planes that are not being excited disappeared. By placing the
objective aperture over the transmitted beam a two-beam brightfield image was formed.
For edge dislocations the contrast criteria is more complicated. The lattice planes
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Figure 3.12: Principle of sample tilt for bright field imaging with a single diffracting
plane. The sample is tilted away from a known zone axis along a Kikuchi line. One of
the double lines is then brought to the centre of the screen to achieve diffraction contrast
from a single crystal plane.
parallel to the glide plane bow slightly along their normal direction. Because of that
displacement, edge dislocations do not necessarily go out of contrast when ~g ·~b = 0.
Instead a full disappearance is expected when ~g · (~b× û) = 0, with û being the unit vector
along the dislocation line [122, 123].
3.7 Atomic force microscopy
Atomic force microscopy (AFM) enables the measurement of surfaces to a high degree
of accuracy with little sample preparation in a range of environments and conditions.
It’s scan range reaches from a few nanometers to 100 micrometers. Experiments can
be conducted under different environments such as vacuum, cryogenic temperatures or
within biological buffers. This versatility led to AFM application across many material
classes and research areas [124, 125, 126, 127].
The atomic force microscope consists of a stage, control electronics and a computer
[20]. The stage holds the scanner, sample holder and force sensor. Often the stage also
contains an optical microscope to view the sample surface. The electronics collect the
signals from the AFM and digitise them to be displayed and stored by the computer. The
AFM readings are fed back to the stage system to drive the instrument.
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Figure 3.13: Principle of the surface measurement using atomic force microscopy in
tapping mode. The tip is being oscillated and scans across the sample surface. A laser
is focused on to the edge of the cantilever and its reflection is measured with an photo
diode. After P. Eaton [20].
3.7.1 Principle and procedure
In contrast to optical or electron microscopes, the AFM acquires an image of the surface
by a probe being in contact with the sample. The probe is scanned along the surface,
recording the topography of it. The input signal is the force acting on the probe, which is
sensed with the aid of an optical lever as illustrated in Figure 3.13. A cantilever with the
tip attached at its end is bent when a force is acting onto it. A laser is focused onto the
AFM tip and reflected into a photodetector. Upon contact the cantilever bends, a change
in reflection is detected by movement of the beam on the photo detector. The AFM
was operated in tapping mode by oscillating the cantilever near its resonance frequency.
As the probe approaches the surface, the oscillation changes due to tip interaction with
the sample force field. When the tip movement is being damped, the z position then
adjusts to keep the probe at a constant distance. The advantage of tapping mode is that
the tip wear and the damage to the sample surface is drastically reduced. For precise
measurement, tips with high aspect ratio were used throughout (Bruker HAR1-200A).
These exhibited a fine spike with a tip radius of 10 nm which increases the resolution and
improves side wall imaging.
The AFM scans were carried out on an InnovaTM system. The sample was attached
onto a holder, that itself was magnetically held on the the base of the microscope. The
stage holding the scanner was then placed above the sample, resting on three support
pillars. During a scan the sample position remained fixed while the scanner is moved
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Figure 3.14: The striation profile is extracted by drawing a line perpendicular to the
striations and extraction of the data. Each striation profile is then ’flattened’ by removing
the data underneath the baseline. The baseline is calculated for each striation individually
using the minima on either side of the striation peak.
across the surface. Screws on the side of the stage were used to move the sample in the
x-y plane. The AFM tip was then mounted on the holder and slid into the machine. A
low magnifying microscope was used to position the tip on the surface. The motorised
stage is then lowered to the sample slowly until the sample surface and tip are in focus
of the microscope.
After the alignment of the laser, the instrument was tuned to the resonance frequency
of the particular tip used for the experiment. For the measurement, the tip was engaged
with the surface and a fast overview scan is carried out. If striations were visible, a scan
at increased magnification and smaller step size was conducted. Ideally, the scanned area
was chosen to cover 10-20 striations.
3.7.2 Striation characterisation
The striation profiles were extracted from the AFM maps. Lines covering several striations
were drawn perpendicular to the striations as illustrated in Figure 3.14. The profile was
exported into a text file for further data processing. The striation shape was characterised
by measuring the ratio of the striation height to width (H
s
), the ratio between the left and
right slope (ϑ) and the ratio of the flank lengths (ς). To calculate an accurate striation
height each striation was individually flattened. A Matlab script was employed to detect
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Figure 3.15: Idealised shapes of striations, showing different cases of shape and flank
length symmetry. Striations can show a steeper fall or rise, depending on the slope ratios.
The flank lengths can be symmetric or show a longer rise or fall.
the minima, calculate the regression line between them and remove the background from
the profile. The peak height and striation width were then calculated by identifying
minima and maxima in the baseline corrected profiles as illustrated in Figure 3.14.
The ratios of slope and flank lengths were calculated using the non-corrected data to
determine the symmetry of the striations. The slopes are the linear regressions between
the minima and maxima. Then the slope symmetry value ϑ is calculated by:
ϑ =
|b| − a
a+ |b| (3.23)
with a, b being the slopes. In Figure 3.15 idealised shapes of striations with corresponding
shape factors are drawn. For a symmetric slope, ϑ is equal to zero. When the slope
corresponding to load reduction is greater, then ϑ becomes negative and the striation
can be referred as ‘steep falling’. In the case of a large slope caused by load increase ϑ is
positive and the striation is ‘steep rising’. The slope symmetry values are in the range of
−1 < ϑ < 1.
In a similar fashion the flank length is defined as the distance between the maxima
and the minima of the striation. The flank length symmetry is calculated by:
ς =
l1 − l2
l1 + l2
(3.24)
with l1, l2 being the length of the striation rising and falling. For a striation with a ’long
68 CHAPTER 3. EXPERIMENTAL
rise’, ς is negative. A positive value of ς is characteristic for a ‘long falling’ striation. An
equal length of the flanks results in a zero symmetry value. The flank symmetry values
are defined in the range of −1 < ς < 1.
3.8 Aperture correlation confocal microscopy
A confocal microscope differs from classic wide-field microscopes as they collect light only
from a thin focal plane by using a pinhole that eliminates light from regions out of focus
[128]. As a consequence of the restricted illumination, the exposure time are increased.
The gain is an increased optical resolution, specially of the sample depth. Because only
a small area is illuminated, the sample needs to be scanned along the x-y direction for
imaging. The depth of the focal plane depends on the wavelength of the used light and
numerical aperture of the objective lens and found to be between 300− 500 nm. This can
be utilised to generate three dimensional surface profiles. A motorised z-stage allows the
acquisition of image stacks required for surface reconstruction.
In materials with low reflectivity the signal to noise ratio might be too low for reliable
surface profiling with conventional confocal microscopy. To overcome this issue micro-
scopes with spinning disc aperture masks are used to supply a series of images. This
method is known as self correlating aperture microscopy (SCAM) and was described by
T. Wilson et al. [129, 130]. The spinning disc has a pattern of pinholes etched into it to
increase the amount light used for image formation (light budget). Because the pinholes
are closely packed the intensity of one pixel is now no longer formed by a single pinhole.
However, by specific design of the spinning disc an unique illumination sequence is en-
coded for each pixel that allows the calculation of the pure confocal image. The image
is formed by 25% of the available light, which surpasses the 0.5 − 1% of conventional
scanning microscopes. Moreover, white light can be used as light source, eliminating the
need for a laser as a light source for confocal microscopy.
In this thesis the new commercially available system Smartproof 5 by Zeiss was used
to measure profiles from fracture surfaces [131].
3.9 Potential drop experiment
The samples for potential drop measurements were machined according to the specifica-
tions seen in Figure 3.4. After the samples had been mounted in the grips, the wires were
connected to a potential drop (PD) meter (Matelect DCM-2) as illustrated in Figure
3.16. The mechanical test machine was a servo hydraulic 100 kN MAYES frame, with
an Instron controller. The PD equipment supplied a constant current which was passed
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through two samples. One sample was mechanically fatigued, while a second identical
sample remained unstressed acting as a reference. The power leads had flat ring connec-
tors with 12 mm diameter, that could be fastened on to the thread of each sample. Pt
wires were soldered onto the input leads.
The Matelect DCM-2 supplied a current of 4.5 A that generated an initial potential
of around 150µV. Each data point is an average value of about 12 readings taken at the
mean cyclic stress to measure with the crack tip open. The mean stress was held for 30
seconds to allow time to take the readings. A LabView script was written for the data
acquisition. The PD readings were recorded via serial data from the potential drop meter.
In addition, the analogue force and displacement signal from the test frame were logged
and used to synchronise the data acquisition with the mechanical test.
The voltage readings were taken from Pt-wires with a 63µm diameter that have
been spot welded at the edge above and below the crack. The wire separation measured
using optical microscopy as seen in Figure 3.17, varied across the samples in a range of
300− 440µm.
Before the actual test commences, the sample needed to be precracked to generate
a sharp natural crack. The ∆K required for crack initiation is usually larger than ∆K
required for propagation. A preckracking at a ∆K of 10 MPa
√
m and R=0.1 was found
suitable. The preckracking at a higher stress intensity factor introduces a larger plastic
zone that initially accelerates the crack. The acceleration is followed by a deceleration.
Ideally the ∆K should be stepped down during the precracking until it is below the
required start value. In this experiment the load was not shed during precracking. This
was done to have a clear change in crack growth, which marks the end of the precrack
Figure 3.16: Sketch of principle test setup showing the voltage reading of the test and
reference sample using a Matelect DCM-2. A LabView program controlled and recorded
the PD meter.
70 CHAPTER 3. EXPERIMENTAL
Figure 3.17: Notch at the edge of a
corner crack sample with Pt wires at-
tached. The Pt wires exhibited a di-
ameter of 0.63µm and exhibited sep-
arations in the range of 300−440µm.
Figure 3.18: Transition from striated crack
growth to un-striated propagation marking the
end of the precrack procedure on the fracture
surface.
as seen in Figure 3.18. To account for the retardation effect, the data recorded when the
crack grew through one plastic zone size was disregarded.
In addition the experimental effort was reduced. The first recorded crack growth rate
was artificially increased due to a larger plastic zone. Consequently, the first data point
after precracking was ignored. For precracking a ∆K of 10 MPa
√
m was chosen and the
stress required was calculated using equation 2.10. The crack was then grown to an
approximate depth of 400µm. This was achieved by applying blocks of 250 cycles at 5 Hz
until the initial potential increased by about 40µV. Depending on the sample, this took
about 3000-5000 precrack cycles. After precracking the actual test with a constant ∆σ
Figure 3.19: Stages of test procedure illustrated with a schematic da/dN vs. ∆K plot.
The samples are precracked at 10 MPa
√
m until the crack reached a depth of 0.4 mm.
The constant ∆σ fatigue test started at a lower stress intensity of 8 MPa
√
m and was
conducted until failure.
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Figure 3.20: Plot of the crack depth versus the ratio v
v0
and the power law fit (top).
The plot of the residual shows as increase in deviation above a ratio of 8 when the crack
is longer than 3 mm (bottom).
began. Based on the calculated precrack length, the stresses were calculated to achieve a
stress intensity of 8 MPa
√
m. Although the PD is expected to give reliable data only up
to a crack length of 3 mm (0.6 × width), the experiments were conducted until failure.
A schematic crack propagation curve seen in Figure 3.19 illustrates the test procedure.
The change in voltage across the sample ( v
v0
) needed to be converted into a crack
depth by means of a calibration sample. A calibration test starting at ∆K = 10 MPa
√
m
at 5 Hz was conducted until failure. At regular intervals, the load amplitude was reduced,
resulting in the formation of visible beach marks on the surface. Figure 3.20 shows a plot
of v
v0
versus the crack length. A power law fit of this plot could then be used to transform
voltage change into crack length. To increase the reliability, crack length after precracking
and sample failure with the corresponding potential were added to the plot.
The reading of the reference sample was used to account for any drifts during the
experiment. Each reading was divided by the normalised potential of the reference sample.
4. Combined LCF and Dwell Fatigue
4.1 Introduction
Titanium alloys are widely used in aerospace gas turbines at temperatures up to around
600◦C owing to their superior specific fatigue strength, especially for rotating parts such
as rotor discs and blades [1]. In service such components undergo complex loading condi-
tions. For example during takeoff, the engine experiences a period of high spool speeds,
potentially leading to the cold dwell fatigue failure regime [64, 132]. In other parts of the
flight cycle, there are other changes in loading regime and temperature, such as during
climb and cruise. Therefore, there is a strong practical motivation to understand how
variable amplitude loading affects fatigue crack initiation and growth.
More than 85% of the lifetime of Ti-6Al-4V subject to cyclic loading can be attributed
to fatigue crack initiation [133]1 Conventionally, initiation is taken to occur at slip bands,
which are continuously cycled during fatigue. Hydrogen is suspected to interact with
dislocations, increasing the energy for cross slip, promoting planar slip bands [8]. High
stress ratios (R) favour initiation at the sample surface with the formation of initiation
facets. The initiation facets were found to lie around 10◦ from the basal plane. Surface
facets were tilted 30◦, whilst subsurface facets were tilted 30◦ − 60◦ towards the loading
direction [134]. The point of fracture origin is susceptible to the loading conditions and
can also occur subsurface [91].
Cold dwell fatigue occurs at near-ambient temperature where (∼ 120 s) holds at load
lead to large reductions in cyclic life, at stresses significantly below the yield stress. Crack
nucleation is usually subsurface, with {0002} dwell initiation facets found perpendicular
to the loading axis. The {0002} direction is the stiffest orientation, but a grain in this
orientation can only slip by 〈a + c〉 slip, which is hard to activate. The modified Stroh
1It should be noted that [133] defines initiation pragmatically, at a crack length of 0.5 mm. For the
purposes of the present work, we prefer to define initiation microstructurally, as the formation of a single
cracked αp grain, of approximate dimension 10µm. Using standard da/dN curves for Ti-6Al-4V, growing
a crack between these two sizes would take ∼ 20, 000 cycles at a stress level of 820 MPa, and ∼ 14, 000
cycles at 880 MPa. Therefore ‘microstructural’ crack initiation can be inferred to require a significant
fraction of life at lower stress levels, but may occur quite quickly near the yield stress.
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model for dwell facet formation [64, 65] suggests that deformation in this ‘hard’ grain is
initiated by a dislocation pile-up in an adjacent grain that is well oriented for 〈a〉-slip.
However, Brandes et al. found dwell sensitivity in samples without a microstructure that
had the required ‘hard’ to ‘soft’ grain combinations [135]. Crystal plasticity finite element
modelling has shown that the time dependence of the phenomenon is also important [136].
Relatively little work has been done that links these micromechanical observations to
the behaviour observed in variable amplitude loading regimes. For example, after a large
plastic overload, a decrement in the fatigue crack growth rate has been observed, which
was attributed to shielding by the crack tip plastic zone [137, 138, 139, 140]. Most studies
examined long cracks grown from notches (da/dN vs. ∆K), and so the applicability of
these concepts to smaller overloads, or even to intervals of reduced loading, has yet to be
established. Finally, the effect on short crack initiation and growth has yet to be studied.
In the present study we attempt to address these gaps in our understanding by ex-
amining the effect of relatively small load changes, and of transitions from low cycle to
dwell fatigue loading, on the fatigue behaviour of un-notched, naturally initiated cracks
in Ti-6Al-4V. After testing, the fracture surfaces were examined and the underlying dis-
location structures observed in both initiation facets and the striations occurring during
load changes.
4.2 Experimental details
A description of the material can be found in section 3.1. Tensile specimens designed for
low cycle fatigue testing as covered in experimental section 3.2.1 were machined. The
longitudinal direction, along which the sample was loaded, was parallel to the transverse
direction of the plate material. Consequently grains in the macrozone are being loaded
along the c-axis and should therefore exhibit low Schmid factors on slip planes. The
grains outside the macrozone can deform more easily. This configuration is ideal for load
shedding, according to the modified Stroh model, to occur.
A series of baseline low cycle fatigue (LCF) tests were conducted using a 100 kN
servohydraulic testing machine, along with tests employing alternating blocks at the
same loads. A 1-1-1-1 loading cycle was utilised in load control, loading in 1 s, holding
at stresses of 880 MPa (Test A), 820 MPa (Test B) and 940 MPa (Test C) for 1 s (2 min
for dwell), then unloading in 1 s, and holding at 20 MPa for 1s. This yields R ratios
of 0.022, 0.024 and 0.021 respectively. The variable amplitude block loading tests were
combinations of LCF 880 MPa with 820 MPa (Test Y), 940 MPa (Test Z) and dwell
(Test X). All test were conducted at room temperature in air and the cycles to failure
are listed in Table 4.1.
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Table 4.1: Summary of the fatigue tests performed. Tests A-D composed simple loading
cycles whilst X-Z were composed of alternating LCF and dwell cycles from A-D. The
number of cycles, N , sustained for each loading type are given, and the total Σ. The
observed number of initiation sites on the fracture surfaces are also given. ∗ indicates the
type of initiation site that led to failure.
Load N
L
C
F
82
0
N
L
C
F
88
0
N
L
C
F
94
0
N
D
w
el
l8
80 ∑ # Initiation Sites
Surface Subsurface
A LCF 880MPa 0 21843 0 0 21843 1* -
B LCF 820MPa 278908 0 0 0 278908 1* 1
C LCF 940MPa 0 0 9613 0 9613 1 1*
D Dwell
880MPa
0 0 0 9310 9310 - >9*
X 10 blocks A/
1 block D
0 7349 0 733 8072 - >24*
Y 10 blocks A/
40 blocks B
50596 12650 0 0 63246 1* -
Z 100 blocks A/
10 blocks C
0 21642 2160 0 23802 1* 2
Fracture surfaces were observed using a Zeiss Auriga dual beam FIB-FEGSEM with
an integrated Bruker EBSD camera. Dislocation analysis was performed with a JEOL
2000FX 200 kV TEM. Site specific foils of surface features were prepared by lift out using
a dual-beam Helios NanoLab 600 FIB-FEGSEM, as described in section 3.6.1. Non-site
specific foils were prepared by thinning and electro polishing as described in section
3.6.1. Quantitative tilt fractography (QTF) was used to calculate the spatial orientation
of features on the fracture surface, as described in section 3.4.2.
4.3 Results
4.3.1 Fracture overview
The failure endurance and fractographic behaviour are summarised in Table 4.1. The
endurance at 820 MPa, 880 MPa and 940 MPa was approximately 280k, 22k, and 10k
cycles, respectively. Repeat testing of the 820 and 880 MPa LCF samples gave lives
of 129,500 and 25,836 cycles, respectively. A S-N curve from the manufacturer is seen
in figure 4.1 that allows for comparison with the cycles to failure found in this study
and supplier data. Although the material used in the study had a higher yield stress of
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Figure 4.1: S-N curve of Ti-6Al-4V with a yield stress of 1000 MPa and 1000 MPa at
stress ratio of R=0.1 [21]
1042 MPa compared to 1025 MPa provided by the manufacturer, the fatigue performance
was slightly below that. Considering the lower R ratio used in this study a reduced number
of cycles to failure can be expected.
When tested at stresses below 940 MPa, the crack leading to failure initiated at
the surface, whilst at 940 MPa the initiating crack was subsurface. The combination of
different LCF block loads always resulted in a failure by surface initiation. Under dwell,
at least 9 subsurface initiation sites were identified. In combination with LCF loads, over
twice as many subsurface initiation sites could be observed. As seen in the overview
SEM images in Figure 4.2, subsurface initiated cracks grew along the rolling direction,
forming needle-like features on the fracture surface. Those features varied in length as
well as in their position along the gauge length. The largest on the Dwell 880 sample
(D) was 1.35 mm long. On the LCF/Dwell sample (X), two large propagated cracks were
found, having a length of 1.16 mm and 0.86 mm. In contrast, surface initiated cracks
grew semi-elliptically towards the sample centre.
4.3.2 Fatigue initiation facets
The initiation sites of the major cracks are shown in Figure 4.3. Generally, smooth initi-
ating facets were observed, except for the two higher stress LCF tests at 880 and 940 MPa
(A and C). In those two cases, the initiation sites were torn, curved and showed crack
arrest marks; nucleation appeared to have occurred at a surface asperity. In general, the
initiating facets were similar in size to the diameter of the α-Ti grains, suggesting trans-
granular fracture along a crystallographic plane. In the LCF 880/940 sample (Z), slip
76 CHAPTER 4. COMBINED LCF AND DWELL FATIGUE
traces could be observed but in the other cases, the initiation facets were smooth. The
subsurface facets appear smoother with less curvature than surface facets. The dwell 880
facet was the only one that showed no signs of plastic deformation. A step on the surface
Figure 4.2: Examples of the fracture surfaces, highlighting the initiation sites of the
cracks leading to failure (IN), and an EBSD map of the as-received material. In sam-
ples that failed from a surface nucleating crack, the fracture grew semi-elliptically into
the material with little influence from the macrozones. Subsurface initiated cracks were
observed in the dwell fatigued samples; these grew along rolling the direction, causing
needle-like features on the fracture surface.
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was due to a similar oriented grain.
Surface initiated cracks also formed growth facets at distances up to 150µm from the
initiation site. Growth facets were found to be more structured, with ridges, step-to-step
complementary and non-complementary features. The plane of fracture was measured by
means of TEM foil liftouts and a combination of quantitative tilt fractography (QTF)
with electron backscatter diffraction (EBSD). The facet normal and (0002) pole of the
facets with respect to the sample coordinate system are displayed in a stereographic
projection in Figure 4.5. The point (0◦,90◦) is the loading direction, coincident with the
transverse direction (TD) of the rolled plate material. The x-axis is the angle between
the facet normal (or (0002) pole) towards the rolling direction when projected on a
plane orthogonal to the normal direction. The coordinates (90◦,0◦) corresponds to the
rolling direction. The y-axis is the angle between the facet normal (or (0002) pole) to the
Figure 4.3: Overview of the surface and subsurface initiation sites. The initiation oc-
curred transgranularly, resulting in smooth facets similar in diameter to the α-Ti grains.
Surface initiated facets appear more curved, with growth marks, when initiated at an
asperity. Indications of slip traces could be readily seen in the initiating facet in the LCF
880/940 sample (Z).
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Table 4.2: Comparison between TEM and QTF/EBSD measurements of the misorien-
tation between the (0002) pole and plane of fracture.
Sample
Surface/
Subsurface
Angle (◦)
TEM QTF/EBSD
LCF 880 (A) Surface 8.9 7.0, 12.2
LCF 820 (B)
Surface 10.6 2.4, 10.6
Subsurface 4.2 1.8, 4.6, 7.5
LCF 940 (C)
Surface 10.8 13.4
Subsurface 3.5 3.0
Dwell 880 (D) Subsurface - 6.3
LCF/Dwell 880 (X) Subsurface - 8.5, 12.3
LCF 880/820 (Y) Surface - 4.3, 7.5
LCF 880/940 (Z) Surface - 4.9
normal direction. The normal direction is given by the coordinates (0◦,0◦). The spatial
orientation of the facet is shown as a green cross, with the size of the cross corresponding
to the variation in facet normal (small indicates a smooth, planar facet). The colour
coded contours show the (0002) pole measured using EBSD. To visualise the amount
of misorientation between fracture plane and basal pole, 3 circles of 5◦, 10◦ and 15◦
misorientation are drawn around the fracture plane. It should be pointed out to the
reader that although this projection shows the same features as in Figure 4.3, those SEM
images were not taken with the rolling and normal directions parallel to the microscope
axis.
None of the initiation sites were found to be perpendicular to the loading direction. On
average, the surface and subsurface initiation sites were found at inclinations of 25.9◦ and
34.5◦, respectively. Furthermore, the subsurface facets were flatter than the surface ones,
indicated by an extremely small green cross. The contour lines of the basal poles of the
facets show two distinct peaks in several samples. Consequently, a single facet can consist
of more than just one αp grain. The average misorientation between the (0002) pole and
the plane of fracture was found to be 6.4◦ in surface facets and 5.2◦ in subsurface facets.
For selected facets, TEM foils were lifted out and the misorientation between (0002)
plane and fracture plane measured. The results compared to QTF/EBSD are presented
in Table 4.2. The misorientations measured with TEM correlate well with the data from
QTF/EBSD. However, the TEM technique is only able to acquire data for the specific
site from which the foil was taken; in cases where a facet was formed by more than one
grain, TEM data from only one grain was acquired.
An investigation of the gauge section of the LCF/Dwell 880 sample (X) showed several
secondary cracks some of which are shown in Figure 4.4. Secondary cracks were revealed
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Figure 4.4: Secondary cracks found on the sample cycled under combined dwell and
continuous fatigue cycles at 880 MPa (a). Cavity on the surface formed by quasi cleavage-
like fracture of macrozone (b). Secondary crack in the gauge section (c) initiated from a
facet on the surface (d).
on the fracture surface and the gauge section as circled in Figure 4.4a. The secondary
crack, visible on the fracture surface, formed a cavity that has the same morphology
as macrozones that failed by quasi cleavage (Figure 4.4b). The initiation area was not
visible but assumed to be further in the cavity. Moreover, the cavity is below the needle
like feature that caused sample failure. The secondary cracks found on the surface of the
gauge show deflection of crack growth direction which is typical for stage I crack growth
along crystallographic planes (Figure 4.4c). The crack opening is smaller limiting the
crack depth that could be imaged. Nevertheless, in the center of the crack an initiation
facet was visible (Figure 4.4d). That initiation facet is flat, showing little signs of plastic
deformation, suggesting transgranular fracture. At the facet edge, steps caused by slip
bands were visible. Outside the facet the crack propagated by the formation of fissures.
The amount of slip bands were seen to increase with further distance to the initiation
facet.
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4.3.3 Spatial orientation of initiation and propagation features
A comparison between the spatial orientation of crack initiation and propagation features
of the samples loaded to 880 MPa (A,D,X) can be seen in Figure 4.6. Propagation facets
formed by LCF fatigue showed the largest average tilt from the loading direction of 38.1◦,
followed by Dwell/LCF 880 initiation (33.2◦), Dwell 880 initiation (31.4◦) and striated
grains (20.8◦). Strikingly, propagation facets in LCF showed no preferred orientation,
except that they tended to face towards the crack initiation site. In contrast, the striated
surface normals tended to cluster in the ND-TD plane, close to the TD - which was the
loading axis. It may be significant that, for the {0002} ‖RD macrozones, these striation
orientations are consistent with the available prism 〈a〉 slip planes. Dwell initiation facets
were near-TD and (0002), but inclined towards the RD. However, in combined LCF/dwell
these initiation facets showed a much greater spread of orientations.
4.3.4 Striated crack growth
The formation of fatigue striations was observed in samples with an LCF component.
In purely LCF loaded samples, at a distance of 60-180µm from the initiation, striations
began to occur. The striation separation progressively increased until the fracture. The
sample that was loaded purely in dwell did not show striations as a relevant growth
feature. In combination with LCF cycling, striations were found in macrozones adjacent
(presumably {0002} ‖ RD) to the main faceted crack growth feature. The total interval
over which striations could be observed in that sample was approximately 200µm, which
was only ≈ 25% of the length observed in samples without dwell.
Under the assumption that one striation is formed during one loading cycle, they
were used as a tool for measuring crack growth rates, post mortem, such that the crack
propagation rate (da/dN) is equated to the measured striation separation. This assump-
tion may not always be warranted, e.g. in situations where striations are not visible, at
very short crack growth rates. The stress intensity ∆K was calculated according to the
Astiz model presented by Toribio et al. [141]. The Astiz model is specific for a circular
cross section and takes into account the width to depth ratio of the crack. This striation
counting process was straightforward for samples with only one continuous fatigue stress.
However, for samples which underwent block loads at different stresses, the striation sep-
aration alternated, as seen in Figure 4.7. A change in load resulted in a visible change in
striation separation, which allowed the load to be related to the striation separation at a
given point in the fracture surface. For the particular grain seen in Figure 4.7, a change
in stress from 820 MPa to 880 MPa caused the separation to increase.
The result of the striation count can be seen in Figure 4.8. Each graph compares a con-
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Figure 4.6: Stereographic projection of the facet orientations measured with QTF, for
samples loaded to 880 MPa. Striated grains showed a preferential tilt around the RD
while Initiation facets were tilted around the ND.
tinuously cycled sample with the corresponding same stress block under complex loading.
As seen by the wider 95% confidence interval the scatter of the separation is larger under
combined block loading. For the 880 MPa cycles the rate of crack propagation seemed
to have reduced by the presence of 940 MPa overloads and increased when underloads of
820 MPa were applied. The rate of crack propagation during the underloads themselves
seemed not to change due to the presence of the 880 MPa block loads. For the 940 MPa
overloads a small reduction in propagation rate was found under complex loading, but
within the fitted confidence band. The slope of the linear regressions only changed in the
sample with combined 880/820 MPa loading (Y), during the 880 MPa loading portion;
4.3. RESULTS 83
Figure 4.7: Observed change in striation separation in sample LCF 880/820 (Y), due
to a change in fatigue stress.
here the slope increased slightly, indicating increased crack acceleration.
4.3.5 Dislocation networks
Apart from fractography, the focus of this work lies in the dislocation analysis of the
fracture initiation sites and propagation features. The sample reparation of bulk material
was non-site specific by electro polishing. The as-received material showed mainly 〈a〉-
type dislocations on prismatic and pyramidal slip planes. Dislocation network structures
such as the one seen in Figure 4.9a were observed in multiple grains. Contrast and trace
analysis showed that three dislocations periodically form nodes, forming a net. The dislo-
cations were identified as (01¯10)[21¯1¯0], (11¯01)[112¯0] and (101¯1)[12¯10] screw dislocations.
Networks were found in grains with different orientations and are easy to identify, making
them a good structure to investigate the effect of different fatigue loads.
The deformation of the dislocation network under continuous cycling and dwell loads
was investigated by preparing TEM foils from the gauge section, a few mm from the
fracture surface. A sample has been cut from the cross section and prepared as described in
section 3.6.1. The LCF 820 MPa sample (B) was selected as a representative of continuous
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loading, and compared with the dwell 880 MPa sample (D). As seen in Figure 4.9b, the
network shows no sign of deformation after 820 MPa cyclic fatigue. The network was
again found to be formed by 〈a〉-type screw dislocations on pyramidal and prismatic
planes. A QTF study showed that the networks lay close to the {11¯02} plane, with a
similar dislocation density to that of the as-received material. Dislocation aggregation
at the grain boundary indicated a degree of plastic deformation in the gauge section. In
strong contrast to this is the network after dwell at 880 MPa as seen in Figure 4.9c–d.
The network of 〈a〉-type screw dislocations was less homogeneous in cell size and showed
Figure 4.9: Dislocation network in α-Ti grain in the as-received material (a). The net-
work is formed by dislocations on different slip planes which were found to be (01¯10)[21¯1¯0],
(11¯01)[112¯0] and (101¯1)[12¯10]. After continuous cycling at 820 MPa the network found in
the gauge section remained undeformed (b). After dwell loading the network was observed
to unravel (c-d). Around the network edge, 〈a+c〉-type dislocations accumulate and cross
slip along the network. At higher magnification it can be seen that the dislocations in the
network are paired (d).
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Figure 4.10: FIB lift out foil of the subsurface initiation facet from the sample cycled
continuously at 940 MPa. Slip bands along (01¯10), (101¯0) and (101¯1) of 〈a〉-type screw
dislocations formed (a). Along the fracture surface edge dislocations with 〈a〉-type Burgers
vector formed (b). These edge dislocations lay in the basal plane and were also found close
to an adjacent basal plane (c). A distorted network was also found below the fracture
surface (d).
distortion and defects around the edges. Also, the network was surrounded by paired
dislocations (double lines) with darker contrast. The paired dislocations were found to be
of 〈a+c〉-type lying on pyramidal slip planes. They showed evidence of cross slip between
pyramidal planes and were observed near the edge of the network.
During LCF fatigue very little strain is accumulated compared to dwell [64, 70, 74].
When little strain is accumulated the fatigue damage is very localised. Hence, most dislo-
cation activity is directly at the crack tip. Under dwell fatigue more strain is accumulated,
suggesting that the damage is also distributed across the gauge length further away from
the crack.
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4.3.6 Dislocation structure within initiation facets
TEM foils from initiation facets have been prepared from the fracture surface using the
lift out method described in section 3.6.1. The results of the dislocation study of the
subsurface facet causing the LCF 940 MPa sample (C) to fail are shown in Figure 4.10.
An overview of the facet forming grain revealed slip bands of 〈a〉-type screw character on
the (01¯10), (101¯0) and (101¯1) planes, (Figure 4.10a). Near the facet surface, dislocations
identified as 〈a〉-type edge or 〈a + c〉-type were found (Figure 4.10b). Most of these
dislocations were curved, but overall they were found to follow the trace of the basal
plane (Figure 4.10c). It can be clearly seen that these change to different basal slip
planes by forming jogs. Below the surface a heavily distorted network can be seen (Figure
4.10d). The network was almost completely untangled and only a few irregular sized cells
remained.
The formation of slip bands could not be observed in the subsurface initiation facet
found in the LCF 820 MPa sample (B), Figure 4.11a. Near the surface, curved edge dis-
locations with an 〈a〉-type Burgers vector were found. The edge dislocations were almost
exclusively found at the fracture surface near a grain boundary (Figure 4.11 b & c). Be-
low the fracture surface, undeformed and deformed networks were visible (Figure 4.11d).
Dislocation analysis on surface initiation facets was also attempted. However, the disloca-
tion density was found to be so high that it was impossible to identify them individually.
Furthermore, the grain showed so much deformation that it was impossible to have the
same diffraction condition over the whole grain.
4.3.7 The dislocation structure in striated, block-loaded grains
To investigate the dislocation mechanisms involved during changes in loading regime,
TEM foils of striated grains from the LCF 880/820 sample (Y) and LCF/Dwell 880
sample (X) were prepared using the TEM liftout method, Figure 4.12. The foils were
lifted from striated grains which showed a change in striation separation caused by a load
change. The TEM foil plane was chosen to be perpendicular to the striations. Clearly
visible in both samples were slip bands on two pyramidal planes. At the point where the
load regime changes, no significant change of slip could be observed. However, clearly
visible was a deflection of the crack at this point. On the surface of the LCF 880/820
sample, Figure 4.12a, the load step up to 880 MPa created a depression. The crack path
returned to its original direction before the next step down to 820 MPa. Similarly, in
the LCF/Dwell 880 MPa sample (X) no change in slip could be seen, but the 2 minute
dwell period caused a large step on the fracture surface. The step height was found to
be 0.56µm, which was more than an order of magnitude greater than the height of LCF
striations in that grain.
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4.4 Discussion
4.4.1 Facet crystallography
The QTF study on facets has shown distinct differences between dwell and LCF facets
formed during crack initiation or propagation. The first obvious difference was that dwell
initiation facets were generally subsurface whilst LCF initiation facets were at the sur-
face. The observed tilts were higher in the subsurface than in the surface facets. During
crack propagation this order changed. LCF propagation facets tilted further and dwell
propagation facets tilted further while dwell propagation facets are reported to exhibit a
Figure 4.11: FIB lift out foil of the subsurface initiation facet from the sample cycled
continuously at 820 MPa. The formation of slip bands could not be seen in overview
images (a). Dislocations of edge 〈a〉 or screw 〈a+ c〉-type dislocations appeared near the
surface (b) and sporadically in the bulk of the grain (c). Dislocation networks were found
at the fracture surface and also below (d).
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Figure 4.12: TEM lifted foils of sample LCF 880/820 (a) and LCF/Dwell 880 (b). In
both striated grains slip on the pyramidal planes occurred. The change in load regime
caused a small deflection of the growing crack in the form of a depression in the LCF
880/820 sample. The 2 minute hold in the LCF/Dwell sample caused the formation of a
large step which was found to be ∼10 times larger than the striation height.
smaller tilt of ∼ 10◦ [67, 72]. The dimensions and orientation of dwell propagation facets
suggested that they formed in a macrozone. The small inclination of the facet normal
to loading direction caused the macrozone to glint, which was visible to the naked eye.
Contrary to this were the observations of V. Sinha et al. [72, 67]. There, facets formed
by continuous cycling were reported to be almost normal to the loading direction, while
dwell fatigue facets showed small tilt of ∼ 15◦. The fact that Sinha did not distinguish be-
tween initiation or propagation facets can be seen as the reason for this discrepancy. The
difference between dwell propagation and initiation facets has previously been pointed
out by A.L. Pilchak and J.C. Williams [66]. The observations made here on initiation
features are consistent with this work.
The crystallographic plane of the crack initiating grain did not differ between dwell and
LCF. The grains fracture near the (0002) plane, which has been documented [142, 72, 67].
The misorientation is reported to be smaller in facets formed by continuous cycling than
dwell facets, but the difference in misorientation found here was too small for a clear
distinction between the load regimes. Moreover, this study has shown that facets can be
formed that span more than just one grain. In such circumstances, it is impossible to
determine which grain initiated facet formation. To emphasise the point, the smallest
misorientation was found in an LCF facet, but so was the largest.
When the applied stress increased, the fractographic distinction between dwell and
LCF disappeared. At the highest tested LCF stress of 940 MPa, the fracture initiation
behaviour changed into a subsurface initiation typical for the tested dwell samples. Fur-
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thermore, a long needle like structure was seen close to the initiation, thought to be
associated with a macrozone. Consequently, as the stress was increased the fracture be-
came more “dwell-like”. In all observed facets the average misorientation was smaller than
∼ 15◦, which is the angle between the {101¯7} hydride habit plane and the (0002). A.L.
Pilchak et al. [8] observed a dwell propagation facet that fractured at this misorientation
in Ti-8Al-1Mo-1V. Moreover, A.L. Pilchak et al. found small particles on the dwell facets
which were argued to be hydrides. In the present study, the dwell subsurface initiation
facet did not fracture near the hydride habit plane, nor were there particles found. An
influence of hydrogen on initiation of dwell or LCF facetting is therefore not indicated
by the present work.
4.4.2 Spatial orientations
Striated grains showed generally smaller tilts than any faceted feature. Moreover, their
normal was tilted relative to the rolling direction. This preferential tilt is thought to
be a result of the texture. As seen in Figure 3.2 the majority of the α-Ti grains were
orientated with their {0002} plane perpendicular to the rolling direction and {112¯0}
along the normal direction. These are the ‘hard’-oriented macrozones. In contrast, ‘soft’-
oriented macrozones have their basal plane along the rolling direction. Bantounas et al.
[10] found that the c-axis of striated grains was tilted towards the loading direction in a
range of 55 − 87◦. Thus, the striated regions appear to be associated with soft-oriented
macrozones, with their {0002} in the RD.
A preferential spatial orientation was also found in the subsurface initiation facets
caused by dwell. These were tilted ∼ 30◦ from the transverse direction, with a near-
(0002) facet plane (< 10◦ away). This orientation is inconsistent with the facets being
perfectly TD-oriented, i.e. from the hard-oriented macrozones. Instead, it suggests that
the dwell subsurface initiation facets form from grains in soft macrozones; consistent with
the Stroh model these would be at the hard/soft macrozone boundary.
Apart from the fact that dwell in combination with LCF increased the number of
initiation sites, the facet spatial orientation did not change. The subsurface initiation
behaviour of the dwell facets was found to be the crucial factor. The fact, that the LCF
880 propagation facets seemed to populate one quadrant of the stereographic projection,
could indicate a preferential orientation - with facets tilted towards the crack nucleation
site.
4.4.3 Crack propagation
Under dwell the crack grew mainly along macrozones. The facet propagation rates have
been reported to be between 2 and 20µm per cycle and almost independent of ∆K
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[8, 135]. In some cases dwell facets propagate up to two orders of magnitude faster than
cyclic striations [9]. This means that just after initiation, the crack propagates along a
macrozone and could stretch along the whole sample within a few hundred cycles. The
primary dwell faceted region was 1350µm in length and could have grown in as few as
675 cycles. Because multiple initiation occurred, each growing along a macrozone, the
area supporting the applied load reduced quickly until it was below a critical threshold
and fractured.
Crack growth behaviour under variable amplitude loading has been extensively studied
for different metals. Of particular interest was the effect of individual or blocks of cycles
with increased load, called overloads. An single individual overload is sufficient to cause
retardation or even crack arrests. The work of R.E. Jones showed that large an overloads
of 50% caused crack retardation and overloads above 70% caused even crack arrests
prior a retardation [143]. Such retardation effects are also observed in other metals and
explained with the stress state at the crack tip. In the early 70’s W. Elber explained
the concept of plasticity induced crack closure [144]. According to this material ahead of
the crack that is propagated under tensile load experiences residual compressive stress
ahead of the crack tip at zero load. A crack would therefore not close at zero load but
rather under tensile load. The material behind the crack front is under tensile strain.
Ahead of the crack the material experiences stress above the yield stress and is known
as plastic zone. The plastic zone can be further divided into the monotonic and cyclic
plastic zone [145]. The monotonic plastic zone is induced during the loading phase. Upon
unloading tensile strains are relieved and a smaller reversed cyclic plastic zone is formed.
The tensile monotonic plastic zone is superimposed on the compressive cyclic plastic zone.
At a R ratio of 0 the monotonic zone is 4 times larger than the cyclic plastic zone. With
increasing R the relative sizes becomes equal. The compressive zone causes the crack to
open under tensile load, truncating the ∆K that propagates a crack.
Overloads during fatigue increase the cyclic plastic zone that also increase plastic
zone causing a brief acceleration of a propagating crack. The overload causes a large
crack tip opening displacement preventing a complete crack closure [144, 138]. When the
crack propagates the closure increases and the crack propagation rate reduces. The the
increased plastic zone and larger compressive forces now slow down the crack. Once the
crack grows through the increases plastic zone the retardation effect fades out.
The LCF 880/940 sample (Z) showed crack retardation in both load blocks compared
to the baseline tests. The overload initially speeds the crack up because of reduced crack
closure near the tip. The closure is re-established during the overload block, but an
increased residual compressive stress field around the crack tip remains. This then causes
increased closure at the crack tip, reducing the growth rate. Also discussed in the literature
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is the possible blunting of the crack by overloads [146]. The initial sharp crack after a 880
MPa cycle could have blunted after the 940 MPa cycles, reducing the stress concentration
and hence slowing the crack. However, blunting was seen to slow crack propagation only at
high overloads. An effect from increased surface irregularities contributing to roughness-
induced crack closure has also been observed in the literature [146]. In the present case
this seems unlikely, since no increased roughness was seen during SEM observations.
The crack growth behaviour in the LCF 880/820 sample (Y) was surprising. Crack
growth in the low stress 820 MPa blocks was not influenced by the higher loading cycle.
However, crack growth acceleration during the 880 MPa blocks was observed relative to
the simple 880 MPa LCF test. Following the logic that overloads slow a propagating
crack, the 820 MPa blocks should have shown a reduced crack growth rate. This leads
to the conclusion that the stress 880 MPa was simply not sufficient to cause enhanced
residual compressive stresses at the crack tip. The 0.2% yield stress of the material is 950
MPa, hence there was not enough plastic deformation introduced at 880 MPa to cause a
retardation effect. The 880 MPa block showed an increase in crack propagation rate which
could be contributed to the initial speed-up, similar to the findings of M.C. Ward-Close
et al. [138]. These thoughts might be true for the bulk material but considering that in
the plastic zone the stresses are increased beyond the yield point anyway. This hints that
a ‘missing’ retardation effects is likely not to arise from a bulk stress below yield stress.
The dislocation study carried out on the LCF 880/820 (Y) and LCF/Dwell 880 sam-
ples (X) showed that two pyramidal slip systems were activated during striation forma-
tion. A change in striation separation could not be correlated with a change of the slip
plane separation, but a deflection of the crack path was observed. This step is thought to
be caused by the expected increase in crack tip opening. This effect was most pronounced
in the change from continuous cycling to dwell hold. The two minute dwell allowed for so
much slip that a step ten times higher than LCF striations was created. Screw dislocations
are known to show time-dependent slip in Ti-6Al-4V, supporting this hypothesis [46, 45].
4.4.4 Dislocation networks in the as-received material
The dislocation networks found in the as-received material are low energy configurations
formed during heat treatment [34]. The network is formed by two screw dislocations on
different, non-parallel planes. The parent dislocations with different Burgers vector in-
tersect and form a third dislocation which lies on a slip plane that shares a common
zone axis with the parent dislocations. The Burgers vector of the newly formed dislo-
cation is the sum of the two initial dislocations, forming a stable junction [52]. The
driving force for junction formation is the reduction in overall dislocation length by the
growth of a common segment. The dislocation network in the as-received material in
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Figure 4.9a is formed by dislocations on the (11¯01) and (101¯1) pyramidal planes and
the (011¯0) prismatic plane. Dislocation analysis confirmed that the Burgers vector of
the new segment was the sum of the parent dislocations formed according to the re-
action 1
3
[112¯0] + 1
3
[12¯10] = 1
3
[21¯1¯0]. The possible formation mechanism is depicted in
Figure 4.13. Reactions between 〈a + c〉 screw dislocations have also been seen to form
networks [55]. Hexagonal networks of screw dislocations are low angle twist boundaries
[34]. The networks accommodate small twists between grains of similar orientation. Con-
sequently, they can be found in fracture-initiating grains because these frequently consist
of two or more similarly-orientated grains. Such networks were found in subsurface initi-
ation facets, which were observed in the EBSD data to consist of more than one grain.
Dislocation networks were indicated by X. Wang et al. to be involved in fracture initia-
tion [147]. Triple junctions between networks on different planes or between slip bands
were reported at dwell crack initiation. Furthermore, X. Wang et al. proposed that cracks
could propagate preferably along the dislocation network due to the stored energy within
them. Such networks along the basal plane might offer an explanation for facetting along
the (0002) plane.
4.4.5 Dislocation networks after fatigue
The network in the subsurface facet of the LCF 820 MPa sample (B) that was found
450 nm below the surface showed little sign of distortion and no sign of dislocation pile
ups. However, below the fracture surface the remains of a dislocation network are seen.
This could be an indication that cracks propagate along networks easily. However, in the
as-received material dislocation networks along the basal plane were not observed. The
electro-polished foil taken from the gauge section of the 820 MPa sample (B) showed that
plastic deformation was limited to grains along the crack growth path.
Under dwell at 880 MPa dislocation activity increased, as seen in the entangling of the
network and pile ups of 〈a+ c〉 screw dislocations. In the long dwell periods dislocations
have enough time to unlock from a sessile configuration. Dislocations were seen by J.
Zhang et al. to be transmitted through a network or absorbed by it [59]. In the present
study dislocations were observed to pile up at networks and they cross slipped on a
plane which was along the net. The fact that only 〈a + c〉 pile ups were found might
be connected to the observation that the network dislocations were missing their 〈c〉-
component dislocations, although this is speculative.
In the literature it is argued that dislocation networks form during LCF cycling [57]
in Ti-6Al-4V at room temperature. Networks similar to the ones found in this work were
observed after fifty cycles at 200±775MPa. However, G. Kang et al. make no comparison
to network structures in the as-received material and do not show if new networks are
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Figure 4.13: Formation mechanism of a hexagonal dislocation junction which led to the
formation of the network shown in Figure 4.9a. Two dislocations on the (101¯1) and (11¯01)
planes that are close to each other build a connecting dislocation on the (01¯10) plane.
The Burgers vector of the new segment is the sum of the two parent dislocations formed
according to the reaction 1
3
[112¯0] + 1
3
[12¯10] = 1
3
[21¯1¯0]. The growth of the connecting
dislocation reduces the overall dislocation length and hence reduces the stored energy.
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generated by fatigue. In the present work there was no evidence visible that networks
form during continuous cycling. Networks were only seen to disintegrate during dwell or
by cycling at stresses near the yield strength. In dwell the networks were seen to entangle.
Wang et al. has put forward the idea that dislocation networks can develop during dwell
[147]. The fact that Wang also found networks prior to dwell fatigue casts doubt on that
theory. In a previous high temperature compression experiment, X. Wang et al. reported
a dislocation network consisting of two 〈a + c〉 and one 〈a〉-type screw dislocation [55].
This experiment was conducted at 1020◦C where a dynamic generation of dislocation
networks by thermal activation would be possible. To prove that the networks are not
only formed during heat treatment, in situ experiments would need to be carried out.
4.4.6 Ordering and superdislocations
TEM diffraction patterns have shown the presence of diffuse Ti3Al superlattice spots
prior to testing. In Ti3Al dislocations are known to split into partials with an antiphase
boundary between them [148]. Under TEM these two superpartials would be visible as
a double line. This dissociation is categorised into two types - mode I (wide dissociation
type: straight screw dislocation) and mode II (narrow dissociation type: curved screw
dislocation) [6]. The visible double lines in the dislocation network and surrounding dis-
locations seen in Figure 4.9(c-d) indicate dissociation into superpartials. The dislocations
in the network are mode II partials, whilst the wider-separated 〈a+ 2c〉 pyramidal dislo-
cations are mode I superpartials. Examples of networks formed by superpartials in Ti3Al
were observed by M. Legros et al. [149]. Interactions between superdislocations have been
predicted to cause microcracks [62]. According to Kar’kina a reaction between an 〈a〉-type
dislocation on a prismatic plane and a 〈a + 2c〉-type on a pyramidal plane, as was the
case in Figure 4.9c, could result in fracture along the (0002) plane.
4.5 Summary of results
Equiaxed Ti-6Al-4V UD plate has been subjected to un-notched low cycle and dwell
fatigue, in order to study the effect of block loading regimes on the fatigue cracking
behaviour.
Initiation and propagation features could be distinguished by their preferred spatial
orientation, flatness or tilt towards the tensile axis. Dwell initiation facets were smoother
than LCF facets, were more inclined towards the loading direction and were always found
subsurface. During propagation, dwell facets were formed within the macrozones and were
found to be normal to the loading direction. The texture of the material resulted in a
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preferential spatial orientation of crack initiation and growth features.
Initiation facets were typically formed by more than one grain, fractured on a plane
which was 2-13◦ away from the basal plane and was not a hydride habit plane. Subsurface
initiation facets were generally not found within 10◦ of the TD (‖ LD) orientation, and
were on average 30-35◦ from the TD. This is in contrast to the Stroh model, which
postulates an (0002) facet normal to loading, in the TD orientation, initiated by shear in
an adjacent grain that is well oriented for slip.
Load interactions could be shown by examination of striations on the fracture surface.
Underloads cause an increase in crack propagation rate during subsequent reloading,
whilst overloads at stresses near the yield strength slow the crack down. Individual dwell
cycles during LCF were found to be especially damaging. For the conditions examined
here the retardation effect of overloads could only be observed by a smaller average
propagation rate per cycle, not by a reduction in the number of striations (crack arrest).
Dislocation networks found in α-Ti are twist boundaries between similarly oriented
grains that form at high temperature and were found in initiation facets. Dislocation
networks can be obstacles to dislocation motion and promote cross slip. These dislocation
networks disintegrated under dwell loading or high stresses.
Changes in load caused deviation of the crack growth direction in striated grains,
which contributed to a loss of symmetry in the slip at the crack tip. A correlation between
striation separation and slip band separation could not be observed.
5. Macrozone Effect on Dwell Initia-
tion Behaviour
5.1 Introduction
By far the most common titanium alloys are α+ β phase alloys; in particular Ti-6Al-4V
can be found in a wide spectrum of applications. They are used with three main mi-
crostructures: equiaxed, lamellar and bimodal, each exhibiting different fatigue properties
[2]. Bimodal and equiaxed microstructures show a pronounced texture because of heavy
deformation during processing. Consequently, mechanical properties such as modulus
of elasticity vary significantly within the microstructure. Varying mechanical response
between grains or colonies give rise to localisation of deformation. Experiments and sim-
ulation showed inhomogeneous plastic deformation under fatigue, also termed as ‘hot
spots’, between soft and hard oriented colonies [150]. Increased local stresses and strains
were thought to increase the possibility of crack initiation. Microstructural areas with a
similar orientation (macrozones) are associated with localisation of deformation. Early
studies showed increased secondary cracking in restricted areas, which were identified
as macrozones [151]. The orientation of the macrozone was the determining factor for
crack nucleation. Apart from sufficient shear stress on the basal plane, the grains would
need to have high tensile stresses perpendicular to it [69]. Unfortunately, the interactions
between the hard grains and the softer adjacent microstructure were neglected. The pres-
ence of grains which readily slip could be a key factor in providing shear stress according
to the Stroh model [28]. The experimental work of P.D. Littlewood and A.J. Wilkinson
showed the importance of soft/hard grain boundaries. Digital image correlation studies
on Ti-6Al-4V revealed hot spot patterns evolving in low cycle fatigue (LCF) and dwell
tests after a few cycles, which would increase in intensity with further cycling [73]. Even-
tually, the hot spots cause crack formation. Surprisingly, dwell loading led to stronger
hot spots.
From this it is suspected that crack initiation under dwell occurs because of interaction
between hard and soft grains. Boundaries between grains favourably and unfavourably
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Figure 5.1: EBSD map of the as-received material in inverse pole figure (IPF) colouring.
In the bottom half of the map can be seen a macrozone of grains with the c-axis near the
loading direction. In the top half were grains with the c-axis nearly perpendicular to the
loading direction.
oriented for slip are found at the macrozone edges (figure 5.1). The aim of this work is to
compare fatigue crack initiation under dwell and continuous cycling with respect to local
deformation heterogeneity. For this a Ti-6Al-4V alloy with well defined macrozones was
subjected to fatigue at 880 MPa continuously and under 2 minute dwell loading.
5.2 Experimental details
The LCF tensile specimens design with the loading direction (LD) along the transverse
direction were chosen, as described in section 3.2.1. The applied waveform was trapezoidal
with maximum and minimum stresses of 880 MPa and 20 MPa. Under LCF conditions
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the sample was held 1s at minimum and maximum stress with 1s ramps between them.
For dwell experiments the load was held for 120 s.
The first step of the sample preparation was to mark the fracture initiation facet
using a dual-beam Helios NanoLab 600 FIB-FEGSEM. This was done by milling a cross
or rectangle 1 − 2µm wide, into the initiating facet. The second step was to mount the
sample in a clear resin, the fracture surface facing downwards. Then the sample was
ground and polished until the surface was flush with the initiation facet. The clear resin
allowed accurate monitoring of the distance between the initiation facet and embedding
surface. The polishing was stopped when the initiation facet was flattened. Due to poor
edge retention of the embedding compound, an additional polishing was performed for
the surface initiated LCF sample using FIB milling. Finally, the microtexture around the
initiation grain was measured with a Bruker EBSD camera in a Zeiss Auriga dual beam
FIB-FEGSEM.
5.3 Results
In the as-received material, grains with a similar orientation are arranged in layers parallel
to the rolling direction (RD), termed macrozones, as seen in Figure 5.1. The c-axis of
the red-coloured macrozones in Figure 5.1 was along the transverse direction, making
them unfavourably oriented for slip. In the literature these grains are generally referred
Figure 5.2: Overview of the fracture surfaces of the Ti-6Al-4V sample after dwell fa-
tigue (a) and continuous LCF cycling (b). The dwell sample showed multiple subsurface
crack initiation forming large faceted areas, varying in size. The LCF sample showed one
initiation near the surface.
100 CHAPTER 5. MACROZONE EFFECT ON DWELL INITIATION BEHAVIOUR
as ‘hard’ grains [152]. Outside these macrozones, the c-axis of the α-Ti grains were tilted
away from the TD, placing them in an orientation favourable for prism 〈a〉 (〈1120〉{1010})
slip. Hence, these grains are referred as ‘soft’ grains.
The number of cycles to failure in the dwell sample was Nf = 3399 and the LCF was
Nf = 25836. The fracture surfaces of the two samples are shown in Figure 5.2. The crack
in the continuously cycled sample nucleated near the surface and grew in a semicircular
fashion into the sample. In contrast to this, the dwell sample showed multiple subsurface
crack nucleation sites. The cracks grew along the rolling direction, leaving long needle-like
structures on the surface. The cracks varied in length, the largest being 1.67 mm long.
This length distribution suggests that the cracks nucleated at different times and joined
up during final fracture. Surprisingly, all the needles were found to lie along the rolling
direction of the material.
Three initiating facets are considered; two in the dwell fatigue sample (A and B which
subsequently linked up) and the single initiating facet in the LCF sample (C). Dwell facets
A and B were found to be at angles of 11.3◦ and 2.0◦ to the basal plane, and were inclined
Figure 5.3: Stereographic projection of the facet normal (green cross) and basal pole
(contour), with respected to the loading direction (at 0,90). The facet curvature corre-
sponds to the magnitude of the cross. All facets were tilted about 30◦ from the loading
direction and fractured between 2 − 15◦ from the basal pole. Contours at 5, 10 and 15◦
from the facet origin are also plotted, as a guide.
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Figure 5.4: Resolved shear stress (RSS) versus temperature of prismatic and basal 〈a〉
and c-axis slip of Ti-6.6Al [22].
by 27.8◦ and 30.0◦ to the loading direction. LCF facet C was found to be at 14.2◦ to the
basal plane, and was inclined by 30.8◦ to the loading direction. A stereographic projection
of the spatial facet orientation measured with quantitative tilt fractography (QTF) and
the basal pole can be seen in Figure 5.3.
Based on the EBSD data the Schmid factors and resolved shear stresses were calcu-
lated for each slip system of the crack initiating grain (primary) and neighbouring grains
(secondary). A summary of the data can be found in Tables 5.1-5.3. The tables lists only
slip systems with shear stress above the critical values found by J.C Williams [22]. For 〈a〉
basal and prismatic slip the resolved shear stress is 200 MPa and for 〈a + c〉 is 780 MPa
at room temperature (Figure 5.4). Due to the fact that the maximum possible Schmid
factor is 0.5, the 〈a + c〉 slip should not be active. This simple criteria ignores the mi-
cromechanical effects of neighbouring grains. Dislocation pile ups in neighbouring grains
can add additional shear stress, activating more slip systems.
For the analysed dwell initiation facets A-B, 〈a〉 slip on the basal and pyramidal plane
was the easiest. In the LCF initiation facet, 〈a〉 slip on the prism and pyramidal slip plane
was easiest. In all three of the neighbouring grains of dwell facet A resolved shear stress
on basal planes was above the critical shear stress measured by J.C. Williams. Most of
the active slip systems were found to be 〈a〉 type pyramidal slip systems. Slip activity
was also likely to have occurred a few prismatic planes. In the initiating facet B only 3
out of the 6 identified neighbours had sufficiently high enough resolved shear stress to
activate slip. In grains 3,4 and 5 the RSS was below 200 MPa for all 〈a〉 type slip systems.
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Table 5.1: Summary of the Schmid factors for slip on the most favourable slip systems in
initiation facet A for the sample cycled under dwell at 880 MPa, inferred using orientations
measured by EBSD for tensile loading.
Slip System Schmid
Factor
RSS
(MPa)
Angle to (0001)
of initiation grain
In
it
ia
ti
on
(0001)[112¯0]
(0001)[2¯110]
0.264
0.247
232
217
0
0
N
ei
gh
b
ou
ri
n
g
G
ra
in
1
(0001)[112¯0]
(0001)[2¯110]
(011¯1)[2¯110]
(1¯101¯)[112¯0]
0.406
0.373
0.294
0.291
357
328
259
256
47.0
47.0
35.5
64.8
2
(0001)[112¯0]
(011¯1¯)[2¯110]
(101¯1)[12¯10]
(011¯0)[2¯110]
(101¯0)[12¯10]
(1¯101)[112¯0]
(0001)[2¯110]
0.463
0.399
0.340
0.315
0.275
0.257
0.256
408
357
300
277
242
226
225
38.3
37.3
27.9
61.3
54.6
62.5
38.3
3
(0001)[112¯0]
(101¯1)[12¯10]
(0001)[12¯10]
(1¯101)[112¯0]
(101¯0)[12¯10]
(011¯1)[2¯110]
0.489
0.390
0.299
0.298
0.281
0.273
430
343
263
262
247
240
65.7
24.5
65.7
81.1
35.7
29.8
Instead the 〈a + c〉 slip systems exhibited high shear, which were below the required
780 MPa identified by Williams. In General, compared to the neighbouring grains the
dwell initiation exhibited lower shear stresses. The most interesting neighbouring grain
was grain 3 in dwell facet A. There the basal plane was well suited for slip and was at an
angle of 65.7◦ to the basal plane of the initiation grain, close to the angle of 70◦ identified
by F.P.E. Dunne et al. [152]. Moreover, the RSS of the (0001)[112¯0] was the highest of
all neighbouring grains. The neighbouring grains of dwell facet B showed more activity
of 〈a + c〉 pyramidal slip systems. In the LCF fracture initiation grain, 〈a〉 pyramidal
and prismatic slip was most likely. In the neighbouring grains 〈a〉 slip on basal and
pyramidal planes were most likely, with some small slip activity on prismatic planes. The
misorientations to the basal plane of the initiating grain were generally larger compared
to dwell initiating area.
The EBSD maps of the initiation areas are shown in figure 5.5. The dwell initiation
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Table 5.2: Summary of the EBSD measurement of initiation facet B of the sample cycled
under dwell at 880 MPa.
Slip Plane Schmid
Factor
RSS
(MPa)
Angle to (0001)
of initiation grain
In
it
ia
ti
on
(0001)[112¯0]
(0001)[2¯110]
(011¯1)[2¯110]
(1¯101¯)[112¯0]
0.399
0.328
0.259
0.259
351
288
228
227
0
0
61.5
61.5
N
ei
gh
b
ou
ri
n
g
G
ra
in
1
(101¯1)[12¯10]
(101¯0)[12¯10]
(101¯1)[12¯10]
(011¯1¯)[2¯110]
(0¯11¯0)[2¯110]
(011¯1)[2¯110]
(1¯101¯)[112¯0]
(0001)[112¯0]
0.474
0.461
0.336
0.318
0.317
0.239
0.236
0.229
418
406
295
280
279
210
208
201
61.8
47.6
44.5
45.2
20.25
19.1
83.6
75.4
2
(0001)[112¯0]
(0001)[12¯10]
0.368
0.227
324
200
49.8
49.8
6
(011¯1)[2¯110]
(011¯0)[2¯110]
(1¯101¯)[112¯0]
(0001)[112¯0]
(1¯1000)[112¯0]
(0001)[2¯110]
(011¯1¯)[2¯110]
0.499
0.423
0.399
0.326
0.277
0.266
0.245
439
372
351
287
244
234
215
55.3
75.5
43.8
42.8
65.0
42.8
82.5
grains (encircled white) have several hard grains in their vicinity. Facet A clearly shows a
large macrozone near the initiation. The LCF initiation area of facet C showed only one
hard oriented grain.
5.4 Discussion
The as-received material showed a distinct microstructure which can be separated into
areas of hard-oriented grains and soft-oriented grains. The hard-oriented macrozones
consist almost entirely of grains with the c-axis near the loading direction. The grains
in the soft oriented area have a larger misorientation to each other. At the boundary
between these areas, combinations between hard/soft grains lead to higher amount of
large angle misorientation.
Orientation relationships have a significant influence on stress localisation at grain
boundaries. According to the Stroh model, the additional shear stress causes the for-
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Table 5.3: Summary of the EBSD measurement of initiation facet C of the sample cycled
continuously at 880 MPa.
Slip Plane Schmid
Factor
RSS
(MPa)
Angle to (0001)
of initiation grain
In
it
ia
ti
on
(011¯1¯)[2¯110]
(011¯0)[2¯110]
(1¯101)[112¯0]
(1¯100)[112¯0]
(011¯1)[2¯110]
0.479
0.448
0.412
0.360
0.308
421
394
362
317
271
61.5
90
61.5
90.0
61.5
N
ei
gh
b
ou
ri
n
g
G
ra
in
1
(011¯1¯)[2¯110]
(0001)[112¯0]
(011¯0)[2¯110]
(101¯1)[12¯10]
(101¯0)[12¯10]
(1¯101)[112¯0]
(0001)[2¯110]
0.431
0.417
0.362
0.349
0.300
0.253
0.238
379
367
318
307
264
223
209
49.6
56.7
63.9
85.1
66.7
61.8
56.7
2
(0001)[112¯0]
(011¯1¯)[2¯110]
(0001)[2¯110]
(1¯101)[112¯0]
0.480
0.301
0.297
0.273
422
265
261
240
39.3
84.6
39.3
70.4
3
(0001)[112¯0]
(0001)[2¯110]
(011¯1)[2¯110]
(1¯101¯)[112¯0]
0.430
0.419
0.357
0.354
379
369
314
312
78.0
78.0
28.8
52.5
4
(011¯1¯)[2¯110]
(011¯0)[2¯110]
(1¯101)[112¯0]
(1¯100)[112¯0]
(011¯1)[2¯110]
(1¯101¯)[112¯0]
0.457
0.432
0.431
0.399
0.303
0.270
402
381
397
351
267
238
63.5
88.3
57.9
86.4
59.9
65.1
5
(011¯1)[2¯110]
(1¯101¯)[112¯0]
(0001)[112¯0]
(0001)[2¯110]
(011¯0)[2¯110]
(1¯100)[112¯0]
0.445
0.434
0.425
0.408
0.285
0.263
392
382
374
359
251
231
56.7
85.7
33.3
33.4
80.1
57.4
mation of a facet normal to the loading direction [28]. A ‘rogue grain combination’ was
analytically identified by F.P.E. Dunne and coworkers [152, 136]. A grain readily oriented
for slip can introduce shear stresses into a adjacent hard oriented grain by dislocation
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glide. A slip plane at an angle of 70◦ towards a plane which is normal to the loading direc-
tion (LD) was found to result in the highest stress raiser. There are numerous reports in
the literature that fatigue facets in titanium are near the basal plane [66, 72, 67, 83, 134].
Hence, in this work the angles between (0001) plane of the initiation grain and the slip
planes with the highest Schmid factors were investigated.
The initiation grain in the dwell sample showed the highest Schmid factors for 〈a〉 slip
on the basal plane hence which explains why they fractured near that plane. Although the
LCF grain also fractures near the (0001) plane, the pyramidal plane showed the highest
Schmid factor. This is in agreement with observations by P. Mu et al. that crack initiation
in steels is not necessarily on planes with the highest Schmid factor [153]. It should be
emphasised that slip on pyramidal planes was only observed previously by F. Bridier et
al. [69] to occur at high Schmid factors (>0.49). This could be due to the much higher
CRSS compared to basal or prism slip planes [22].
The active slip systems in the secondary grains of the dwell or LCF facet are com-
parable. Under both loading conditions, secondary grains had planes with high resolved
shear stress and which were also near the 70◦ misorientation to the primary basal plane.
Therefore, the conditions for a facet initiation process according to the modified Stroh
model were met in both samples. The only significant difference were overall higher tilts
of easy slip planes towards the primary basal plane in the LCF sample. This would have
the consequence that the conditions for the induced shear stress were better met in this
case. The fact that the Dwell initiation facets had overall low Schmid factors seemed
crucial for their fracture.
To assess the hypothesis that macrozones were involved in facet formation, the grain
orientation around the initiation facets were compared. Around the dwell initiation facets
several hard oriented grains were observed. These hard oriented grains belong to a macro-
Figure 5.5: EBSD maps of back-polished Initiation areas of the dwell initiation areas.
The initiation facets are encircled and the found neighbouring grains are marked. The
dwell initiation area 1 show a hard oriented macrozone (red) in the vicinity of the initiation
grain. The LCF initiating area shows mainly soft oriented grains (green).
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zone, which shows that dwell facets initiate on edges of macrozones because of hard/soft
grain interactions. This was less obvious in the map for facet B. This could be attributed
to the fact that some secondary grains around facet B were not polished flat due to sur-
face inclination. The numerous facet nucleations under dwell indicates that several hot
spots occur during dwell, which is in agreement with Littlewood’s observations [73].
The EBSD map of the LCF initiation facet showed mainly soft-oriented grains with
one individual hard oriented grain. A.L. Pilchak et al. have previously indicated the
importance of slip interaction between hard and soft grains for fracture initiation for
continuous cycling [154]. In high cycle fatigue experiments on lamellar Ti-6Al-4V a slip
transfer mechanism was hypothesized, as follows. In the neighbouring grains, 〈a+ c〉 slip
on {11¯01} initiates resulting in a stress concentration that leads to 〈a〉 {0001} slip in
the faceting grain, leaving behind a sessile 〈c〉 segment at the grain boundary. This then
results in crack initiation, which then propagates along the basal plane.
In the present work, the {11¯01} planes of the neighbouring grains were not found to
be parallel to the basal plane of the faceting grain, nor was 〈a+ c〉 slip inferred. Instead,
any of basal 〈a〉, prism 〈a〉 or pyramidal 〈a〉 slip appeared to be favourable.
5.5 Summary of results
The orientations of dwell and LCF fatigue initiating facets in equiaxed Ti-6Al-4V have
been compared to those of the neighbouring grains on the fracture surface, using EBSD.
The following conclusions can be drawn. Dwell fatigue resulted in a lifetime reduction
of around 8×. Both the dwell and LCF fatigue initiating facets were near-basal and
were tilted about 30◦ towards the loading direction. In agreement with the predictions of
F.P.E. Dunne et al., under both loading conditions, neighbouring grains could be found
which had their most favourable planes for dislocation glide close to 70◦ from the basal
plane of the faceting grain. Morphologically, dwell fatigue crack initiation appeared to
occur at the boundary between hard- and soft-oriented macrozones, whereas LCF crack
initiation appeared to occur within a soft-oriented region. The EBSD maps confirmed
the hypothesis that under dwell the initiation occurred at edges of macrozones. As it has
been observed before, dwell fatigue crack initiation tended to be subsurface and to occur
multiple times whilst LCF fatigue crack initiation occurred near-surface.
6. Fatigue Striation Formation in
Ti-6Al-4V
6.1 Introduction
In failure investigation, fractography is used to study crack growth in a component. Fea-
tures often found on fracture surfaces such as ‘feathers’ or ‘arrow heads’ can be seen under
a low magnifying stereo microscope and used to trace back to the crack initiation site.
The investigation of finer features that can mark individual cycles, so called striations,
require electron microscopy.
In the 1960 and 70’s, several mechanisms of the striation formation were proposed.
The first and most cited models were proposed by Laird and Neumann [26, 27]. The
Laird model proposed that slip ahead of the crack tip is activated, creating new crack
surface. The slip does not fully reverse upon unloading, leaving a single striation on the
surface. The later Neumann model holds that slip is alternately activated above and
below the crack growth plane. In metals with a cubic structure the slip systems are two
{111} planes. The intersection line of them is a 〈011〉 direction, which would be parallel
to the crack front. Later work of Tomkins and Biggs has shown flow bands inclined to
the crack front [13]. These flow bands were found to be slip bands [98]. Recent models of
Shanyavskiy and Burchenkova introduced material rotation ahead of the crack tip, that
folds side cracks into the main crack [15].
Within a certain ∆K = Y∆σ
√
pia region of crack propagation, the formation of one
striation equals one loading-unloading cycle. For low propagation rates below 10−7 m
per cycle the striation separation is much larger than crack propagation rate, indicating
that one striation is formed by several cycles [12, 112]. At high ∆K (> 40 MPa
√
m)
the striation separation can deviate again from the crack propagation rate [96]. This
was observed in cylindrical Ti-6Al4V specimen with a semi circular crack front. It was
suggested that increasing shear fracture mode introduce tunnelling that alter the ideal
shape of the crack front. This has led to a underestimation of the macroscopic crack
propagation rate. It seems likely that such effects are less significant in plane crack front
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specimen such as compact tension specimen.
When one striation forms per cycle, the observation can be used in failure investigation
to determine the propagation life, and thereby, by relationship with the loading history
of the component, to determine the point of the fatigue crack initiation event. Several
case studies on fatigue in steel, bronze or aluminium rely on such a striation counting
approach [155, 156, 157, 158, 159].
Apart from measuring the striation separation s, there has only been limited effort to
measure striation profiles and relate them to the fatigue loading. The ratio of the striation
height to width has been found to be independent of ∆K. The effects of maximum to
minimum stress (R ratio) are not well understood. Different studies have found different
effects of R on the ratio of striation height to width, H/s [16, 102, 100], which may be
due to the material type or methodology used. The influence of test frequency / hold time
on striation formation has not been examined, which might be useful for differentiating
between low and high cycle fatigue.
The dislocation structure leading to the formation of high cycle fatigue striations in
titanium was described by Bantounas et al. [10]. Striations form either on a basal or prism
plane by a combined slip on two pyramidal or two prismatic planes. Each dislocation was
the consequence of one slip band. Although it is well known that at low crack propagation
rates the striation spacings diverge from the crack propagation rate, the reason for this
is unknown.
In the present study, the effect of R ratio, frequency and wave form on striation
formation was examined on corner crack specimens in Ti-6Al-4V in a near-equiaxed, hot
rolled and recrystallised condition. Striation profiles and separations were measured at
different crack lengths. In addition, the dislocation structure of striations formed by a
single fatigue cycle were compared to striations formed by several cycles. Conclusions
relating to the mechanisms of striation formation in aerospace titanium alloys are drawn.
6.2 Experimental details
Fatigue crack growth experiments were carried out on a 100 kN servohydraulic test ma-
chine. Corner crack samples with a 5 mm × 5 mm square cross section were machined
as specified in chapter 3.2.2. The procedure of the potential drop measurement can be
found in section 3.2.1. Crack growth tests were conducted to investigate the effect of fre-
quency, load ratio and waveform that are seen in Table 6.1. Each crack was propagated
at a constant stress amplitude of about ∆σ = 320 MPa. The R ratios were chosen to be
0.1, 0.3 and 0.6 and the frequencies were chosen to be 0.1, 1 and 5 Hz. This study aimed
to examine a wide as possible frequency range but was limited by machine capability.
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Table 6.1: Test matrix for experiments
on the influence of frequency, R ratio
and waveform on the striation profile.
The starred symbol (*) indicates an ad-
ditional test with a trapezoidal wave-
form
R
Frequency [Hz]
0.1 1 5
0.1 x x* x
0.3 x
0.6 x
Table 6.2: Applied minimum and max-
imum stress values for constant ∆σ fa-
tigue tests with varying load ratio R.
Depending on the crack length at the
start of the test, the stress amplitude
was around 300 MPa.
R
Stress [MPa] 0.1 0.3 0.6
σmin 35.9 132 450
σmax 359 440 750
Additionally, a trapezoidal waveform with a 1
4
/1
4
/1
4
/1
4
loading sequence where loading,
unloading, hold periods at σmin and σmax of
1
4
s. The stress intensity at the start of the
test was chosen to be nominally 8 MPa
√
m, with testing then carried out until final fail-
ure. After fracture, the sample surface was investigated with SEM (Zeiss Auriga dual
beam FIB-FEGSEM) and the striation separation at different crack sizes was measured.
A description of the AFM measurement and interpretation of the profiles can be found
in section 3.7.
6.3 Results
6.3.1 Crack propagation rates
Waveform effect
Crack growth data for fatigue tests with a sinusoidal or trapezoidal waveform are shown in
Figure 6.2. The pre cracking at increases stress intensity factor leaves a larger plastic zone
behind. To counter the retardation effect of the increased plastic zone, the crack prop-
agation data collected within two monotonic plastic zones was rejected. The monotonic
plastic zone size (rm) can be estimated by [14]:
r≈
K2I
2piσ2y
=
(σmax
√
api)2
2piσ2y
(6.1)
with KI being the maximum stress intensity in mode I and σy the yield strength, σmax
the peak stress, a the crack length 1. The plastic zone after precracking was estimated
to be 33µm, 49µm and 180µm for R values of 0.1, 03 and 0.6, respectively. The yield
1Strictly, the plastic zone size holds for R = −1 and an isotropic elastic solid, and so this can only be
regarded as an estimate for the present case.
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Figure 6.1: Example SEM images of striations with varying striation separation for
samples cycled at different load ratio (R) but the same stress amplitude of ∆σ ≈ 320 MPa.
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Figure 6.2: Crack propagation data showing the difference in crack growth for trape-
zoidal and sinusoidal waveforms. The propagation rates were measured using potential
drop (PD) and striation counting (SC). The measured crack growth rates for trapezoidal
loading were faster than for sinusoidal for ∆K below ∼ 13 MPa√m. At higher rates the
growth rates were indistinguishable.
strength was 884 MPa as stated in the material data listed in table 3.1.
The striations formed near the start of crack growth showed separations when mea-
sured in the SEM of 29 nm and 55 nm for the sinusoidal and trapezoidal waveforms,
respectively. These separations are orders of magnitude higher than the actual growth
rate.
With increasing crack length the propagation rate measured by potential drop merged
with the striation separation measured in the SEM. The point when one load cycle
equals one striation was ∼ 15.2 and ∼ 15.8 MPa√m for the sinusoidal and trapezoidal
waveforms, respectively, at a crack propagation rate of ∼ 120 nm /cycle. At low ∆K
(< 13 MPa
√
m) the crack propagated slightly faster under trapezoidal loading. This ef-
fect was observable in both the potential drop and striation count data. Final fracture
occurred at 48.6 and 53.1 MPa
√
m for sinusoidal and trapezoidal waveforms, respectively.
R ratio effect
The crack propagation rates at R ratios of 0.1, 0.3 and 0.6 are shown in Figure 6.3. The
striations formed near the start of the fatigue test possessed a separation of 29 nm, 42 nm
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Figure 6.3: Crack propagation data showing the difference in crack growth for cracks
propagating at ∆σ = 320 MPa but different R ratios (0.1, 0.3 and 0.6). The propagation
rates were measured using potential drop (PD) and striation counting (SC).
and 22 nm for the samples tested with R ratios of 0.1, 0.3 and 0.6, respectively. These
values were also larger than the crack propagation rate. The striation count data merge
with the potential drop data at 15.2, 14.8 and 10.8 MPa
√
m for R = 0.1, 0.3 and 0.6,
respectively. The overall crack propagation rate at a given ∆K increased with increasing
R. The crack acceleration with R was most pronounced for stress intensity factors below
12 MPa
√
m. At higher crack propagation rates, the growth rates merge with the striation
count data, except for the R = 0.6 case. Here, even at 20− 25 MPa√m the crack growth
rates were smaller than the striation separations observed. It should be noted that the
crack length at final failure was much smaller in this sample. This can be observed in
early failure at 28.0 MPa
√
m, compared to 46.8 MPa
√
m (R = 0.3) and 48.6 MPa
√
m
(R = 0.1).
Frequency effect
The influence of the frequency on the fatigue propagation is shown in Figure 6.4. The
potential drop data shows that the growth rate was highest for the 0.1 Hz and slowest for
the 5 Hz fatigue test - especially at low ∆K, time at load appeared to have some effect.
A difference in propagation rate could also be observed to some extent in the striation
6.3. RESULTS 113
count Paris law fitting bands drawn. Here the striations formed at 0.1 Hz were noticeably
wider. Striations formed at 1 Hz and 5 Hz were indistinguishable. The separations near
the start were 116 nm, 29 nm, 48 nm in the samples fatigued at 0.1, 1 and 5 Hz. These
were again orders of magnitude larger than the crack growth rate. As ∆K increased, the
differences in fatigue crack growth behaviour diminished. One striation corresponded to
one cycle at stress intensity of 17.6, 15.2 and 15.1 MPa
√
m for samples fatigued at 0.1, 1
and 5 Hz.
6.3.2 Striation profile
Striation profiles were measured using atomic force microscopy. The magnification was
chosen in order to measure 10-20 striations in each area studied. For each data point
several striation profiles were examined. The shape of the striations was quantified by
the calculation of three parameters introduced in section 3.7.2: the height to separation
ratio (H/s), the ratio of the slopes on both sides (ϑ) and the ratio of flank lengths (ς).
Values for these parameters were found by plotting distribution histograms, fitting Kernel
distributions and taking the modal values.
Figure 6.4: Crack propagation data showing the difference in crack growth for cracks
propagating at the same ∆σ but different frequencies (0.1 Hz, 1 Hz, 5 Hz). Propagation
rates were measured using potential drop (PD) and striation counting (SC). The bands
shown are the Paris law fitting bands to the striation counting data, ± 1 standard devi-
ation.
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Waveform effect
The variation in H/s ratio as a function of s = da/dN is shown in Figure 6.5. The height
to width ratio did not vary appreciably with separation s under either sinusoidal or
trapezoidal loading. The average ratio was 0.113 for the sinusoidal waveform and 0.118
for the trapezoidal waveform. Each data point is shown with an error bar, calculated
using the standard deviation of the population measured. With increasing H/s the scatter
increases, indicating a higher degree of inhomogeneity of the striations formed. At a ratio
of about 0.2 the standard deviation was as high as 45%. Striation symmetries are shown
in Table 6.4. The striation symmetry did not appear to vary with separation s (and
therefore, crack length a). The shape parameter distributions were fitted using a Kernel
distribution and the modal (peak) and arithmetic mean obtained.
The average slope ratio ϑ and flank length ς ratios were negative under sinusoidal
loading, suggesting that most striations are steep rising and long falling. The trape-
zoidal waveform causes the striation to increase these characteristics. When examining
the modal (peak) values, differences between loading waveforms can be observed. The
amount of long rise striations is the highest under sinusoidal loading as seen in the peak
position of 0.07.
Figure 6.5: Ratio of striation height to width and skewness for various striation separa-
tions of striations formed by different wave forms. The relative striation height is constant
at ∼ 0.1 for different striation separations. Most striations show little asymmetry that is
independent of striation separation.
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Figure 6.6: Histogram of the measured shape parameters slope bias, slip length bias
and height to width ratio depending on the applied load waveform. The histograms were
fitted with a Kernel distribution. The trapezoidal waveform increased the slope and slip
length asymmetry. Under trapezoidal loading the steep rising and long falling character
is more pronounced.
Effect of R ratio
The relative striation height shows little variation across different striation separations
for the tested R ratios, Figure 6.7. The average H/s values are 0.113, 0.126 and 0.114 for
the striations formed at R ratios of 0.1, 0.3 and 0.6. Again, the peak (modal) H/s values
are smaller than the mean values, but slightly smaller (Table 6.4).
On average the slope of the striation rise is slightly larger than the downwards slope.
For all tested R ratios the values were around -0.06 (steep rise). The mean slip length
ratios are -0.02 for R = 0.1 and −0.09,−0.08 (long fall) for R = 0.3, 0.6. The peak
position of the histogram indicate that with a load ratio of R = 0.3 more steep falling
striations were present, while for the other load ratios mostly steep rising striations were
seen. Apart from at R=0.1, most striations showed a longer fall.
Frequency effect
The striations formed at the lowest test frequency possessed increased height to width
ratios (H/s) at small separations (s), Figure 6.9. Three sets of striations with separations
around 40 nm and 100 nm possessed H/s = 0.23 and 0.3. However, other striations with
separations below 150 nm possessed near-average ratios around 0.1. Among the other
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Figure 6.7: Ratio of striation height to width and skewness for various striation separa-
tions of striations formed by different R ratios. The relative striation height is constant
at ∼ 0.1 for different striation separations. Most striations show very little skewness,
independent of striation separation.
Figure 6.8: Histogram of the measured shape parameters slope bias, slip length bias and
height to width ratio depending on the applied load waveform. The histograms were fitted
with a Kernel distribution. The load R ratio increased the slope bias slightly , resulting in
more steep falling striation. The slip length ratio was found to be smaller under R ratio
of 0.3 and 0.6. The ratio of striation height to width was not influenced by the R ratio.
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Figure 6.9: Ratio of striation height to width and skewness for various striation sepa-
rations of striations formed by different frequency loadings. The relative striation height
is constant for striations formed by 1 Hz and 5 Hz. Striations with separations less than
50 nm in the 0.1 Hz sample have high H
s
ratios above 0.2.
Figure 6.10: Histogram of the measured shape parameters slope bias, slip length bias
and height to width ratio depending on the applied load frequency. The histograms were
fitted with a Kernel distribution. At the smallest tested frequency the long fall character
of the striation was significantly increased. The striation height to width ratio or slope
bias did not seemed to be affected.
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tested frequencies only the 5 Hz test possessed any striations with a high ratio, of 0.26.
The average ratios across the crack were 0.138 (0.1 Hz), 0.113 (1 Hz) and 0.122 (5 Hz).
Overall, the symmetry of the striation did not seem to be affected by the separation.
For all tested frequencies the average slope ratio is around -0.05 (steep rise), indepen-
dent of R. Also, the average slip length ratios show that the striations have a long falling
character but with increasing test frequency they became more symmetric. The analysis
of the shape parameter histogram seen in Table 6.4 showed some variation of the mean
values. Although on average the striations formed under 0.1 Hz are steep rising, most
striations possessed a steep-falling character.
T-test of AFM data
T-tests (independent, two tailed) were carried out for the average values to see if they
are reliably different, with the results presented in Table 6.3. The probability values show
how likely it is that the two populations show similar average values by chance or not. A
value of 1 indicates that it is certain that the same average values are purely by chance.
In other words the compared populations are indistinguishable and represent the same
mean value. When the value is below 0.1 it can be assumed that the compared data are
from two different populations.
Generally the H/s ratio show low probability values near 0.1 for the tested frequency
and load ratio effect. Exceptions were seen when comparing the sine/trapezoidal and
R = 0.1/0.6 striation populations. Here the values of 0.410 and 0.763 indicate that the
Table 6.3: Test results of a two tailed t-test are shown for the shape parameters H/s, ϑ
and ς.
H/s slope ratio flank length ratio
R R R
R 0.1 0.3 0.6 0.1 0.3 0.6 0.1 0.3 0.6
0.1 1 0.094 0.763 1 0.941 0.815 1 0.070 0.080
0.3 1 0.104 1 0.764 1 0.759
0.6 1 1 1
f f f
f 0.1 1 5 0.1 1 5 0.1 1 5
0.1 1 0 0.014 1 0.578 0.998 1 0.091 0.035
1 1 0.169 1 0.581 1 0.911
5 1 1 1
trapezoidal trapezoidal trapezoidal
sine 0.410 0.124 0.173
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striations could not be distinguished according to their H/s ratio.
A t-test of the slope ratio values gave values above 0.5 when comparing effects of
frequency or load ratios. This means that it is very likely that the slope ratio distribution
represent the same mean value. One exception was the t-test of striations formed under
sinusoidal and trapezoidal wave form. Here the t-test gave 0.124, which still above the
threshold of 0.1.
The t-test of the flank length showed that the larger the difference in applied frequency
or load ratio, the more different are the distributions. For example the flank length ratio
between the striations formed at 1 and 5 Hz are nearly identical. However, the t-test of
the 0.1 and the 5 Hz data gave a value of 0.035, showing that they represent two different
populations.
Summary of striation profiles
A summary of the shape parameters are given in table 6.4. Independ of the loading
conditions the mean slope ratio and slip ratios indicate that the striations have a steep
rising and long falling character. However, the standard deviation of nearly 0.3 for both
shape factors showed that there was also a large fraction of steep falling and long rising
striations. In general the mode agrees with the mean value, but under some conditions
the most of striations were seen to be steep falling (R=0.3; f=0.1Hz) and long rising
(R=0.1). A trend in the shape factor could not be seen when the load frequency or load
ratio was increased. The most differences were observed between striations formed under
Table 6.4: Summary of shape parameters comparing the average values, mode and
standard deviation (StDv) of the mean.
slope ratio flank length ratio H
s
R mean mode StDv mean mode StDv mean mode StDv
0.1 -0.06 -0.04 0.27 -0.02 0.07 0.29 0.113 0.083 0.053
0.3 -0.06 0.07 0.33 -0.09 -0.16 0.29 0.126 0.092 0.066
0.6 -0.05 -0.01 0.28 -0.08 -0.17 0.30 0.114 0.085 0.055
f mean mode StDv mean peak StDv mean peak StDv
0.1 -0.04 0.01 0.31 -0.08 -0.08 0.27 0.138 0.106 0.066
1 -0.06 -0.04 0.27 -0.02 0.07 0.29 0.113 0.083 0.053
5 -0.04 -0.05 0.29 -0.02 -0.12 0.28 0.122 0.091 0.055
Wave mean peak StDv mean peak StDv mean peak StDv
sine -0.06 -0.04 0.27 -0.02 0.07 0.29 0.113 0.083 0.053
trapeze -0.12 -0.26 0.33 -0.08 -0.21 0.32 0.118 0.104 0.050
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sinusoidal or trapezoidal loading. A trapezoidal waveform lead to increase in steep rising
and long falling character.
The mean ratio of striation height to width was approximately 0.12±0.05. The mode
was smaller than the mean with values of approximately 0.9. The height to width ratio
was not influenced by any load condition.
The T-test of the data showed that the populations of slope ratios were statistically
indistinguishable from each other. The deviations within each population were larger than
the difference between the analysed population. The data populations for the slip were
statistical different when comparing the most extreme test conditions. In other words,
striations only formed under highest and lowest frequency or ratio could be distinguished
by measuring their profile.
Comparison AFM with Smartproof 5
A comparative study between AFM and a non-tactile optical profilometer was conducted
on a striated area that has been marked using FIB as seen in Figure 6.11. The shape values
(H/s, ϑ, ς) were calculated with the same algorithm for both datasets. The profile of the
surface was taken across the FIB mark, which could be seen clearly by both techniques.
The optical microscope enabled fast data acquisition of a large area but is limited in
resolution by the wavelength of visible light. An area of 100 × 100µm was measured in
less than 5 minutes. In comparison, a 30 × 30µm area measured using AFM took 45
minutes. Nevertheless, the striations were better visible in the AFM profile due to less
noise and better lateral resolution (x-y).
Table 6.5 shows the calculated parameters of the striations. The separation measured
with the SEM was 0.98µm which is significantly smaller than the AFM (1.28µm) or
Smartproof value (1.12µm) but within the standard deviation of both measurements.
Quantitative tilt fractography of the feature showed a tilt of 10.3 ± 1.1◦ which resulted
in a small foreshortening of 98% that was accounted for in the measurement. The H/s
ratio and scatter of the Smartproof system is significantly larger. According to the AFM
the striations are mainly steep rising and long falling, which is in agreement with the
Smartproof data. The optical measurement can capture the shape of the striation but
Table 6.5: Results of the striation analysis of the striation profile data from AFM
and optical microscope (Smartproof). The average shape parameter and the standard
deviation were calculated for both data sets.
s (µm) H/s ϑ ς
AFM 1.28± 0.25 0.14± 0.04 −0.18± 0.32 −0.18± 0.19
Smartproof 1.18± 0.52 0.21± 0.15 −0.06± 0.33 −0.15± 0.33
SEM 0.98± 0.24 - - -
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Figure 6.11: Comparison of striation profile extracted from images stacks from an optical
microscope (Smartproof 5) and AFM. A mark machined using FIB marks a region with
striations with a separation of 0.96µm. The SEM image on top shows an overview of the
area with the outlines of the Smartproof and AFM selection.
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Figure 6.12: SEM Images of the striated regions used for the TEM analysis. One sample
was prepared from striations that formed within the Paris region (a) having a striation
separation above transition. The other foil was prepared from a striations that formed
outside the Paris regime (b), with separations below the transition point.
overestimates the height. Although the AFM overestimated the striation separation, the
H/s ratio was in agreement with the TEM foil liftout.
6.3.3 Dislocation analysis
From the sample cycled sinusoidally at 1 Hz and R = 0.1, two striated grains were lifted
out from the crack, at separations of 255 nm and 60 nm, Figure 6.12. The striations formed
at the larger separation of 255 nm are believed to have formed in the Paris region of crack
propagation, where one loading cycle formed one striation. The striations formed at the
smaller separation of 60 nm formed at low crack growth rates when the separation does
not correlate 1:1 with the crack growth rate measured by potential drop.
Figure 6.13a shows an overview of the TEM foil removed from a grain with the larger
separation. Slip bands formed across the striated grain. The slip bands observed were
parallel to the trace of the {101¯0} prism planes. The slip bands are inclined towards the
surface at angles of 12.6◦ (101¯0), 73.9◦ (011¯0) and 125.5◦ (11¯00). The slip bands possessed
spacings of approximately 250 nm, 190 nm and 300 nm. The band thicknesses were 100 nm
(101¯0), 75 nm (011¯0) and 105 nm (11¯00). Besides large slip bands, individual glide planes
intersecting with the striations were visible, Figure 6.13b. The glide planes possessed
a separation of 45 nm and extended directly into the depression of the striation at the
surface. The striation at the surface has a height of 40 nm and separation and 270 nm,
which result in a H/s = 0.16. Unfortunately the deformation and dislocation density in
the grain and dislocation density is so high that a detailed g · b analysis was not possible.
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Figure 6.13: TEM lift out of the striation with a separation of 255 nm that formed
within the Paris region. Slip bands parallel to the trace of the three prism planes
1.(11¯00), 2.(101¯0) and 3.(011¯0) are visible (a). Besides large slip bands, individual glide
planes are visible intersecting with striations on the fracture surface (b).
In Figure 6.14 the dislocation structure found in the non-Paris striation is shown.
Thin slip bands on a prismatic plane (101¯0) with a separation of about 40 nm can be
seen, which is below the measured separation of 60 nm. The slip bands were inclined
about 66◦ to the crack growth direction. Some slip bands were observed on a second
prismatic slip plane (11¯00) near the crack growth direction. Slip on the third prismatic
plane (011¯0) was not observed. Unfortunately, due to beam damage of the foil the slip
bands could not be traced onto the surface.
6.4 Discussion
6.4.1 Crack propagation measurement
The crack propagation rates were measured in-situ with potential drop and could be
compared to striation measurements from SEM images of the fracture surface. Across
124
CHAPTER 6. FATIGUE STRIATION FORMATION IN
TI-6AL-4V
Figure 6.14: Slip bands on a prismatic plane observed in the TEM foil lifted from a
striated grain. The separation of the slip bands is about 40 nm.
all tested samples, there was a mismatch between striation separation and crack growth
rates at small da/dN . Independent of the load conditions, for propagation rates below
100 nm per cycle the striation spacing was larger than the propagation rate. It is therefore
concluded that below crack growth rates of around 10−7mm/cycle, one load cycle does not
lead to the formation of one striation.
When the crack growth is in the Paris regime, the striation spacing equals the propa-
gation rate. This match would last until fracture with the exception of the sample tested
at the highest load ratio of R = 0.6. Here above 20 MPa
√
m the striation separation is
generally larger than the crack growth rate. The reasons for the deviation is not obvious
but it is reasonable to assume that the used potential drop calibration may not be ac-
curate for high R ratio tests. The calibration test was carried out at small load ratios of
0.1 and lower mean stresses. An increased average stress is expected to result in a higher
dislocation density which would increase the resistance of the material. Moreover, the
higher stress results in a slightly smaller cross section due to contraction when elongating
the sample. An increased material resistance would wrongly appear as an increased crack
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Figure 6.15: Local variation in striation separation which is a consequence of irregularity
in the crack front, local variation in stress intensity factor and underling grain orientation.
To estimate a more accurate crack propagation rate, the mean across of several grains is
calculated.
length. This crack length offset masks any real crack growth in the material, leading to a
mismatch in calculated crack growth rates. These specific reasons are only speculation but
a calibration test with a matching load ratio might improve the potential drop reading.
Nevertheless, these potential drop measurement data appears to have given accurate
growth data beyond the recommended crack size. Standards on corner crack testing [105,
106] suggest that potential drop measurement should only be used for a crack length up
to a fraction of 0.6 of the sample width. In the test conducted here this would mean to a
crack length of 3 mm or a stress intensity factor of 31 MPa
√
m. The excellent correlation
of striation separation with potential drop data in the Paris regime for cracks with a
length above 4 mm indicates that the recommended crack length limit could be exceeded
for the used material, at least in same test conditions.
Compared to the potential drop, the measurement of propagation rate by striation
separation is site-specific. A propagating crack front is not necessarily planar, which is
a consequence of a crack propagating along ligaments [112]. While the material opens
up in the ligament, in between them it is still intact. An uneven crack front coincides
with a local variation in stress concentration intensity. The relation between striation
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separation and grain orientation has not been investigated but could also lead to local
variation in striation separation. As a result, the striation separations vary locally, which
can be seen in Figure 6.15. The separation found in close proximity varies in the range
from 0.40 − 1.19µm. To estimate representative crack propagation rates the average
separation of several grains is calculated. The potential drop method averages the crack
propagation across the whole sample.
6.4.2 Influence of R ratio, frequency or waveform on crack prop-
agation
Among the tested parameters the load ratio R has been seen to have the largest influence
on the crack propagation. The frequency or waveform have shown to have a lesser influence
on the crack propagation rate. The crack propagation rate was seen to increase with
increasing R. Effects of R have previously been documented in the literature and were
generally suggested to be related to crack tip closing.
As mentioned in chapter 4.4.3 a crack can close even under a macroscopic tensile stress
[144, 160]. It is widely believed that a crack can only propagate when it is fully open. As
a consequence the crack ∆K for crack propagation is reduced. A stress intensity factor
(∆Kop) can be defined that is required to open the crack tip. In fracture mechanics an
effective stress intensity factor (∆Keff ) was defined that propagates a crack ∆Keff =
Kmax −Kop. To propagate a fatigue crack, the maximum applied stress intensity factor
(Kmax) needs to be above the opening stress intensity. As illustrated in Figure 6.16 only
the fraction above the opening stress intensity contributes to crack propagation. When the
minimum stress intensity factor (Kmin) is also above the opening value, a crack remains
fully open at all time.
The work of B. Boyce and R. Ritchie [161] has shown that in Ti-6Al-4V a crack
remains fully open for fatigue tests at R = 0.5. It can therefore be assumed that at tested
R = 0.6 the crack is still open at minimum load. At R = 0.3 the crack was likely to be
closed at minimum load, reducing the ∆Keff that gets to propagate the crack. At R = 0.1
the compression at the crack front further truncates the stress that opens a crack, hence
showed the lowest crack propagation rate.
Additional mechanical, microstructural and environmental factors influencing the
crack closure have been identified. Additional closure can arise from corrosion layers
formed within a fatigue crack, microscopic crack closure, viscous fluids penetrating the
crack, fracture surface asperity and stress or strain induced phase transformation [14].
The retardation mechanism have different significance that depend on factors such as
material class or microstructure. The closing mechanism are simultaneously active such
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that it is impossible to establish the individual contributions.
Under moist atmosphere can lead to oxide formation in newly created surfaces in
metals. For small crack opening displacement and low R ratios the oxide layer increases
the contact of both fracture surfaces, increasing the closure. The retardation is most
significant near the threshold. Environmental effects on crack closure can be ruled out as
additional contributors here because the oxide layer is expected to be very thin. Titanium
is corrosive resistant at room temperature and only a very thin oxide layer should have
formed in this experiments.
Roughness induced closure requires tortuous crack growth that is typically observed
near the threshold with a crystallographic crack growth. Near the threshold the plastic
zone is typically smaller than the grain size. The crack grow in this stage I is along slip
planes leaving facets on the fracture surface. Additional mode II crack opening cause pre-
mature crack closing. Both aspects are additional mechanism that promote crack closure.
The roughness related mechanism are particular significant for low R ratio crack growth
near the threshold when the crack opening displacement is small. Near the threshold the
surface roughness is in the range of few micrometer is significantly larger than the crack
open displacement. Under these circumstances closure can be established for small growth
rates. Additional closure mechanism involving fluids or phase transformation could not
contribute under the conditions and material used in this study.
The effect of frequency on fatigue in Ti alloys has been investigated by some authors
which covered a total frequency range of 0.1 − 20, 000 Hz. The crack growth rate and
threshold behaviour in Ti-6Al-4V depending on the frequency has been investigated in a
range of 50− 1000 Hz [161, 162]. The work showed that in that range, crack growth was
independent of frequency. The effect of lower frequencies in the range of 0.5− 50 Hz were
investigated in Ti-6Al-6V-2Sn by D. Dawson [163] and Ti-6242 by W. Shen [164] in a
range of 1
3
−10 Hz. The frequency showed no effect when cycled in air. When tested in salt
solution, in a corrosive environment increasing frequency tended to increase crack growth
rate. In the present work, frequency showed little influence on crack propagation rate. The
crack growth rate increased slightly for 0.1 Hz, while the other frequencies tested resulted
in similar crack propagation rates. A change in frequency translates to a change in strain
rate. Two different phenomena were observed: change in yield strength and change in flow
stress. With increasing strain rate, the monotonic yield strength increases while the strain
to failure reduces [165]. The strain rate for the gauge section has been calculated using
material stiffness of 125 MPa in the rolling direction and loading rates. The applied strain
rates were estimated to be 2.6× 10−4s−1, 2.5× 10−3s−1 and 1.3× 10−2s−1. A comparison
of the model prediction with the strain rates used, showed that the 0.2% yield stress were
918, 919 and 923 MPa. The effect of strain rate is most pronounced for very high strain
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rates above 102s−1. Although these predictions are for Ti-6.6Al-3.3Mo-1.8Zr-0.29Si alloy,
similar strain rate effects were seen in Ti-6Al-4V under compression [166]. Similarly the
flow stress increases in α titanium but not significantly in this range of strain rates [167].
Strain rate effects were seen in monotonic tests and therefore do not fully represent cyclic
fatigue behaviour. The strain rate in the plastic zone should be larger than the gauge
section estimate. At low frequencies it is possible that strain is accumulated by dwell. The
work of M.Bache et al. has shown that with increasing hold period the number of cycles
to failure reduces even with a few seconds of dwell [82]. The time under high stresses even
with a sinusoidal curve could result in a small amounts of dwell damage.
The crack growth behaviour between a sine waveform and a trapezoidal wave was
indistinguishable. The experimental work of A. Shaniavski compares triangular with a
trapezoidal load wave form in three point bending tests for several disc alloys [168]. The
crack growth rates under trapezoidal loading were larger. A. Shaniavski used hold with a
peak stress period of 20 s, that was significantly larger than the hold of 0.25 s used in the
experiments conducted here. Long hold periods at maximum load allowed the material
to deform under creep at room temperature.
Figure 6.16: Variation of stress intensity illustrated for varying load ratio. The minimum
stress intensity of the tests with R = 0.1 and R = 0.3 are assumed to be below the crack
tip closing stress intensity Kop.
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6.4.3 Striation profiles
Striation profiles were measured for all the samples using atomic force microscopy for
different spaced striations. The striation profiles have been characterised by calculating
the ratio of their height to width, the ratio of slope of the striation rising then falling
and the ratio of the flank length between rising and falling. The ratio of the slopes and
widths of the flanks were calculated to characterise the symmetry of a striation.
Across all measured striations the average height to width ratio H
s
was between
0.11 − 0.14. The ratios generally exhibited a large scatter, reflecting the inhomogeneity
of striations. Despite this, the ratio appears to be constant across the fracture surfaces.
Moreover, the average height ratio showed no significant changes with varying R ratio,
frequency or waveform. At the lowest tested frequency of 0.1 Hz several striations with
separation of less than 100 nm show increased H
s
values. At similar separations striations
have also shown to be near the average. At such small separations the striations are not
within the Paris regime, meaning one striation is formed by several cycles. Striations
formed in the same region at 1 Hz and 5 Hz do not show such increased H
s
values. At low
frequencies the sample remains under peak load for a longer time, allowing more time for
dislocations to move. Prolonged slip would increase the height of any perturbation that
would form a striation.
In general, the measurement of striations with separations below 50 nm utilizing AFM
may give inaccurate results. The tip radius according to the manufacturer is 10 nm, which
is of the same magnitude as the separations. This tip radius is for a new needle and does
not take into account any wear. Factors such as an oxide layer on the tip, nominal force,
sliding distance and mode of operation affect the rate of wear [169]. Due to wear the tip
radius increases, lowering the accuracy. During the AFM measurement, fine striations
would be measured first in order to have a sharp as possible a tip. The profile of coarser
striations can be accurate even with tips that show first signs of wear. Scans of very
fine striations might underestimate the peak height due to the fact that the tip does not
follow the surface precisely.
The effect of R ratio on H
s
has been investigated in aluminium and steel alloys, while
frequency or possible waveform effects have not been investigated. The research of K.
Furukawa et al. [16, 101] and Y. Murakami et al. [100] on aluminium and steel alloys
have shown a increasing H
s
with increasing R ratio. For their R ratios -1, 0, 0.3, and
0.5 the H
s
were reported to be approximately 0.15, 0.20, 0.24 and 0.28. These values are
higher than the measured values here. It should be noted that these values were from
SEM measurement by sectioning of striations. Due to the plastic deformation by cutting
large deformation is introduced, that could mask the result.
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The work of Y. Uchida et al. [103] and S. Choi [102] showed that in aluminium with
decreasing R ratio the striation height increases. For the tested R ratios 0.1, 0.3, 0.5
and 0.8 the average height to width ratio ranges from 0.1 to 0.15. The ratios of striation
height to width of Ti-6Al-4V found here are in agreement with S. Choi and Y. Uchida’s
observations in aluminium. The profiles were also measured using probes (AFM, STM).
Which have the advantage that smaller striations with tens of nanometer separation
can be investigated. Reports of higher H
s
ratios were based on sectioning of striations
and imaging them from the side. The sectioned striations are usually coarser and the
cut possibly damages the edge. Consequently, only a small fraction of the striations are
observed and their profile might be distorted.
In addition to characterising the height of the striations, the symmetry was examined
by comparing the slope and length of the striation flanks. The influence of crack size
on the average symmetry parameters was evaluated as well as the overall distribution.
Similar to the H
s
ratio, the symmetry did not seem to vary with striation separation or
crack length. Hence it is possible to assume that all striations across the crack represent
the whole sample and applied test conditions. The effect of frequency, R ratio or waveform
may also be investigated by comparing the distributions of the shape factors.
The symmetry factors are slightly different when comparing the mean values and the
peak position of the histogram. The mean shape factors are more consistent and show
no outliers. The average shape of all striations is steep rising and long fall, as illustrated
in Figure 3.15. The mean slope ratio was only affected by the waveform. The trapezoidal
waveform increased the steep rise character. The measured flank length ratio shows some
changes with load ratio, frequency and waveform. A higher mean stress and hold time at
stress increased the relative length of the striation fall. The peak values of the histograms
are not necessarily the same as the average values. The samples tested at a frequency of
1 Hz and R = 0.1, 0.3 showed a significantly different peak position than the average value.
Moreover, the peak values indicate a larger asymmetry. The average values seem more
suitable for striation characterisation although the peak position seems more appropriate
in terms of the load regimes.
6.4.4 Striation formation mechanism
All existing striation models have in common that slip is essential to striation formation.
Two slip systems are symmetrically arranged to the crack propagation plane. As observed
in TEM experiments, the striation lines were along the [0001] direction with the crack
opening near a prismatic plane. The slip systems were active on all three prismatic slip
systems. Bands of continuous slip along the prismatic planes formed with distances similar
to the striation separation. Although the involved slip systems are known from the TEM
6.4. DISCUSSION 131
Figure 6.17: TEM image of striations formed within the Paris region found on an the
surface of un-notched cylindrical specimen. The larger ∆σ resulted in better defined shear
bands. The slip bands coincide with the striation peaks.
studies, the precise sequence of glide that is forming striations need to be clarified. The
existing models do not account for active slip bands on different prismatic planes.
In the formation models based on crack tip bulging or flow off (Laird, Tomkins,
Neumann), slip bands would be expected to coincide with the striation depression which
was not observed. In a separate LCF experiment on un-notched samples the slip bands
found in Paris striations appeared much sharper, as seen in Figure 6.17. The persistent
slip band intersects with the striation peak on the surface. In the following new possible
mechanisms for the striation formation are presented and critically evaluated.
Slip band opening
The first proposed striation formation model is propagation by slip band opening, is
illustrated in Figure 6.18. The striating grain shows initially no slip bands. In the vicinity
of an approaching crack, slip bands are formed once the plastic zone reaches into the grain.
At first, slip bands are formed on the planes that have the highest resolved shear stress.
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Figure 6.18: Striation formation by crack propagation along existing shear bands. Ahead
of the crack tip, slip bands are formed in a grain. A crack propagates along shear bands,
forming striations on the surface.
When a developing slip band encounters an existing band it is forced to progress on a
different slip plane. By increased blocking, slip bands form on planes that are unfavourably
oriented for slip. Consequently, the undeformed space between existing bands is filled up
with shorter slip band. When the crack enters the grain it propagates along the slip
bands. Among the existing three prism slip bands, the crack propagates only along two
that form an angle of 120◦. The third ‘space filling’ slip system is not opened up by the
crack. When the crack tip opens up during a cycle, the crack follows one slip band and
upon closure the crack propagates along the second slip band. This incremental growth
along two bands forms the striations on the fracture surface. The size of the slip band
and spacing is determined by the stress intensity and hence plastic zone size. A larger
plastic zone size reaches a striating grain at a larger distance before the crack enters it.
Coarser slip bands are consequence of more cycles working the persistent slip bands.
This proposed mechanism accounts for the large persistent slip bands that are formed
by several cycles. However, several aspects of the striation geometry are not met. The
striation should form an opening angle of 120◦ but the height to width suggest angles
that are closer to 150◦. Moreover, the striation shape is rather spherical than triangular
as suggested by the slip band opening mechanism. The shape of the peak and minimum
should be similar. The TEM liftouts and AFM data shows clearly that the radius at the
depression is much smaller than the peak radius. According to the proposed mechanism
the peak of a striation on one fracture surface should be the pit on the opposing fracture.
The fracture profile of the surfaces should be inverted. It would be logical that large
and small peak radii would be measured, but the fact that all striations peaks showed
a larger radius makes this mechanism less likely. Finally, it is not intuitive that a crack
would change from one slip plane into another when the load is reduced.
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Surface extrusion
For the formation of striations, the selected grain needs to be oriented with a prismatic
slip plane (101¯0) near normal to the loading direction. The other slip planes are inclined
60◦ to the crack growth direction, as seen in Figure 6.19. Under tensile loading slip is
activated, localized on persistent slip bands (PSB) along the prismatic slip planes. The slip
exposes material to the atmosphere, causing oxidation of the newly formed surfaces. Upon
load removal, dislocation glide is not fully reversed due to the oxide layer. Consequently,
an extrusion remains at the fracture surface. The PSB separation equals the striation
separation on the fracture surface. After one cycle the crack tip extends one increment
∆a. At the beginning of the next load cycle new persistent slip bands form just behind
the crack tip. The extrusion of material and oxidation of the new created surface repeats,
leaving a further striation behind. The striation formation by extrusion is inspired by the
work of W.A. Wood, who described a crack initiation mechanism at the surface based on
extrusion formation [170].
This proposed mechanism for striation formation accounts for several aspects which
the previous introduced slip band opening model did not. One aspect is that the profile of
striations resembles spherical extrusions. Because the striations are a series of extrusions,
it can be expected that the radius of the peak is greater than the radius of the depression.
Figure 6.19: Striation formation by the formation of extrusions behind the crack tip.
Under tensile loading, slip on the persistent slip bands (PSB) is activated, exposing new
surface to the atmosphere. Oxidation of the exposed surface and local plastic deformation
at the slip bands causes the formation of extrusions on the surface.
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In the proposed mechanism the formation of a thin oxide layer is essential to prevent
complete slip reversal. Research on environmental effects on crack propagation showed
that striation formation is massively suppressed under vacuum. Crack propagation rate
was seen to reduce in aluminium and no striations are observed [171].
The lack of oxygen prevents the oxidation of the new surface created by the PSB,
allowing for slip reversal. Vacuum was also seen to increase cross slip [172]. Instead of
sharp slip bands forming, cross slip distributes the deformation and thereby suppress
the striation formation. Under vacuum, striations were seen to disappear in Al and fine
spaced steps are visible on the surface [172]. These steps have a smaller spacing than
the growth rate and are thought to be formed by slip bands. In Ti-6Al-4V striations
were still seen in vacuum but were significantly flatter and smeared [173]. The more
efficient striation suppression in aluminium can be attributed to its cubic unit cell. In the
hexagonal titanium less slip systems are available, making cross slip more difficult.
6.5 Summary of results
The effects of load ratio R, test frequency and waveform on the striation formation in Ti-
6Al-4V were investigated. The macroscopic crack growth rate measured using striation
spacing showed a deviation to the potential drop data. At a propagation rate below
100 nm
cycle
the striation spacing is larger than the crack growth rate. The striations can
therefore be classified as ‘Paris’ and ‘non-Paris’ regime striations. Striations are likely
to be formed by extrusion of material by slip bands on prismatic planes. The minimal
observed spacing of striations formed in this non-Paris regime was about 30 nm which is
due to the closest possible stacking of slip bands. Within the Paris regime slip bands on
other prismatic planes are activated which fill space in previously undeformed regions.
A significant increase in propagation rate was observed with increasing R ratio. This
known effect also coincides with a shift of the crack propagation threshold to smaller
∆K values. The striation profile at increasing crack lengths was investigated using AFM.
The striation shape was characterised by extracting height to width ratio, slope ratio
and slope length ratio from the profile data. The striation height to width ratio was
near 0.1 and found to be independent of any test parameter. Most of the striation slopes
were seen to be steeper during the fall except for a trapezoidal wave form. The flank
length was generally larger during fall and showed some changes with R, frequency or
waveform. The flank length is proportional to the slip activity. With higher R ratio the
mean stresses increase, leading to higher shear stresses. With lower frequency the time for
slip is increased, allowing time dependent slip processes to occur. For trapezoidal loading
the peak stress is held for longer, having the same effect as slower cycling.
7. Conclusion and future work
7.1 Conclusion
Fan blades in jet engines undergo complex load cycles with varying stresses, hold periods,
waveform or frequency. The experimental work presented in this dissertation investigated
the mechanisms of fatigue crack initiation and propagation in Ti-6Al-4V under dwell, low
cycle fatigue (LCF) and variable amplitude loading. Characteristic features for initiation
and propagation were facets and striations, respectively. Both were characterised with
scanning electron microscopy and the dislocation structure underneath elucidated with
transmission electron microscopy.
Microscopy, whether with visible light or electrons, is a crucial tool in failure in-
vestigation of components. Alterations of crack propagation shown by changing striation
separation or surface colour can indicate events relating to the operation of the jet engine.
The first part of this work focused on the investigation of interactions between different
load regimes. A cylindrical sample design was used to study initiation features. Striations
were used as a gauge to measure propagation rate and measure acceleration or retarda-
tion effects. Encouraged by fractographic observations, the initiation facets formed under
LCF and dwell fatigue were compared regarding crystallography, spatial orientation and
orientation of surrounding grains. The last part focused on the characterisation of stri-
ations on corner crack specimens. Striation profiles were measured using AFM and the
influence of load ratio R, frequency or waveform investigated.
The as-received material showed a strong {112¯0}〈0001〉 texture. Grains with their
c-axis oriented parallel to the loading direction are unfavourably oriented for slip and can
be referred to as ‘hard’ grains. Grains with orientations allowing for more slip systems
to be active are then referred to as ‘soft’ grains. Large dislocation networks of screw
dislocations on pyramidal and prismatic planes that share a common zone axis were
seen. These networks were thought to have formed during the creep flattening step in
the thermo-mechanical processing. These immobile networks have been shown to stop
dislocation movement under dwell loading, forcing mobile dislocation to cross slip.
Fatigue crack initiation was typically by the formation of facets that were similar to
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the size of primary alpha grains. Nevertheless, a single facet can stretch across several
grains with a similar orientation. Under dwell fatigue, multiple subsurface fatigue initia-
tion occurred, while under LCF only one crack initiated at the surface. Besides initiation
facets, crack propagation can also occur by facet formation. Initiation facets preferen-
tially rotated around the normal direction with ∼ 30◦ tilt towards the loading direction.
Propagation facets formed during LCF fatigue possessed higher tilt angles near 38◦ and
were facing the initiation site. Initiation facets fracture near the basal pole of the alpha
phase with an average misorientation of 7.1◦. The dwell initiation occurred at bound-
aries between hard and soft oriented grains. Although the initiation facet is formed near
the basal plane, pyramidal and prismatic planes have the highest resolved shear stress.
This confirms that shear stress from neighbouring grains must have been shed onto the
initiating grain.
The crack propagates mainly along macrozones in a cleavage like process. Because of
fast propagation by this mode, elongated flat structures parallel to the rolling direction
are visible on the fracture surface. The fracture surface of continuously cycled samples
showed formation of striations with increasing separation. At propagation rates above
100 nm per cycle, striations formed at a one to one ratio with each loading cycle. At
small propagation rates of 2.9 × 10−11m per cycle, the striations formed on the surface
possessed a spacing of 30 nm, meaning that one striation is formed by up to 1000 cycles.
The minimum striation spacing is a consequence of the mechanism of striation formation.
The crack front advancing in non-Paris region is imagined to occur in three possible ways.
The first scenario is that the crack advances stepwise by the formation of one striation
followed by an arrest of the crack front. Strain is then accumulated during several cycles
at the crack tip that is released suddenly by the formation of a further striation. The
second hypothesis is that the crack progresses continuously at a rate below the separation.
The striation is formed continuously by continuous slip along one slip band. When the
crack propagated far enough the next slip band is activated and the next striation forms.
Finally, a crack front may not progress uniformly. In some regions the crack propagates
by the formation of striations with each load cycle. The stress intensity factor reduces
ahead of the progressing region and simultaneously increases the stress next to it. When
the stress intensity dropped below a threshold the propagation stops locally and continues
in the surrounding region.
Striations were only seen in grains that were oriented with the c-axis parallel to the
crack front. In this configuration prismatic slip systems have the highest resolved shear
stress. At the crack tip local deformation during crack opening causes the formation of a
slip band. This slip band exposes new material to the atmosphere on which a thin oxide
layer forms when cycled in air. This oxide layer prevents a complete slip reversal when
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the load is removed again. At the beginning of the new cycle the crack extended by an
increment of ∆a and a new glide plane is activated when the crack is opened up again.
The slip bands coincide with striation peak indicating that striations are not formed by
crack tip blunting along slip planes but by material extrusion to the surface.
The striations exhibited a constant average height (H) to separation (s) ratio in
the range of 0.11 − 0.14. This ratio was independent of the stress intensity factor, cycle
frequency, R ratio or waveform. The striation profiles were investigated in further detail by
calculating the ratio between the slope of the striation rising (ϑ) and falling, and the ratio
between the length of the flank rising and falling (ς). The slope ratio analysis showed that
the average striation had higher slope when rising. This ‘steep rising’ character increased
under trapezoidal loading. The flank length was found to be larger when the striation
formed under fatigue conditions with large load ratios or low frequency. The asymmetry
appeared to increase with mean stress and time at peak stress. The flank length is a
gauge for the length of dislocation glide. Long hold periods between LCF cycles therefore
caused steps on the fracture surface as seen on combined dwell/ LCF fracture.
7.2 Future work
After concluding the thesis, a few suggestions are made where the author see potential
for future research. The influence of frequency was investigated in a range of 0.1 − 5 Hz
that resulted in small strain rates. Titanium alloys have shown a strain rate effect at rates
above 10 s−1 [165]. To achieve this strain rate with the setup used the test frequency would
be around 4 kHz. The higher strain rate increases the yield strength of the material that
could potentially reduce the height to separation ratio.
It is known that striation formation is suppressed under vacuum in Ti-6Al-4V [173]. It
was suggested that under vacuum, cross slip increases, softening the slip bands that form
extrusions on the surface. Furthermore, slip reversal is increased because no oxide layer
is formed on the surface. Crack growth experiments could be repeated under vacuum
or atmospheric conditions present at flight altitude. Although the significant effect of
atmosphere on the striation formation is known, the operating mechanisms were not
revealed. Real flight conditions could significantly alter the transition point of the non-
Paris to Paris striation or height to separation ratio.
The influence of grain orientation on the crack propagation rate has not been investi-
gated. Narrow compact tension specimen and microstructure with a large grain diameter
should restrict the crack to grow along one grain at a time. The flat sides would allow the
orientation to be determined with EBSD, while the striation separation can be measured
from the top. The crack growth rate could be monitored with potential drop or using a
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camera with a long focal length. An investigation of grain orientation effects could show
if the local variations of striation separation arise from different grain orientations.
The dislocation network observed in the as-received material have been shown to po-
tentially block dislocation movement. Some researchers have seen that some dislocations
can pass a network, while others are blocked. In-situ dwell and LCF fatigue experiments
and different network structures could give more insight into the behaviour of networks
under different fatigue loadings.
There is also a longlasting interest in whether, in lamellar microstructures, crack prop-
agation can ‘lock on’ to the underlying lamella spacing when the fatigue crack propagation
rate is close in magnitude.
Finally there is interest in the striation counting plateaus and its physical origin in the
underlying plastic behaviours. Understanding this plateau is of great practical importance
for failure investigation.
Appendices
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A. Kikuchi Maps
Figure A.1: Kikuchi map of hexagonal α titanium [19].
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Figure A.2: Kikuchi map of hexagonal α titanium around the basal pole.
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